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Synopsis:

Tungsten carbide-based hardmetals with iron aluminide intermetallic binder have
been processed using uniaxial hot pressing. The new binder, a binary B2-iron
aluminide alloy with a composition of 40 at% aluminium, was used in stead of
conventional cobalt binder. Following optimisation of the sintering process, the
microstructure and properties of these new materials were assessed and compared
with those of the conventional tungsten carbide/cobalt hardmetals. Sintering
temperatures were above the melting point of the aluminide binder and all sintering
was performed in the presence of liquid phase.

The tungsten carbide/iron aluminide composites exhibited low densification at
high volume fractions of the carbide phase. Pressure was essential for the
elimination of porosity in composites containing higher than 31% volume fraction of
carbide phase. The poor densification is attributed to the combination of low
solubility of carbide phase in the aluminide binder and the surface alumina layer
present with the binder material. None of the sintered tungsten carbide/iron
aluminide composites, of varying carbide contents and carbide grain sizes showed
evidence of development of new phases in sintered microstructures.

The mechanical properties of tungsten carbide/iron aluminide composites were
comparable with those of conventional hardmetals of tungsten carbide/cobalt. Based
on the hard carbide content, tungsten carbide/iron aluminide composites exhibited
significantly higher hardnesses and abrasive wear resistance than tungsten
carbide/cobalt hardmetals. Iron-40 at% aluminium alloy was found to be a superior

X

binder in abrasive wear environment to cobalt, since significantly lower volume
fraction of the hard carbide phase was required in tungsten carbide/iron aluminide
composites to achieve the same wear rate as that of the tungsten carbide/cobalt
hardmetals.

A reduction in grain size of precursor tungsten carbide powder was associated

with increases in composite hardness. A reduction of grain size of precursor powders
of tungsten carbide and iron aluminide to sizes in the nanometer range was achieved

by both ball milling and ring grinding. However, retention of the fine structures of
these powders was not possible by hot pressing. Rapid grain growth of the tungsten
carbide phase took place, even when short sintering times were employed. This
growth is attributed to the high sintering temperatures used in processing of these
composites. The increase in composite hardness with decrease in carbide grain size
was valid in the micron and nanometer range of grain sizes tested in this work.

The results of this work have important implications for the development of

alternative binders to cobalt in tungsten carbide-based hardmetals. The uniaxial ho
pressing technique allowed the processing of composites with high carbide content,
similar to those used in conventional materials. The use of high content of hard
carbide phase in the tungsten carbide/iron aluminide composites resulted in
materials with hardnesses and abrasive wear resistance, suitable for many cutting
and wear applications. High hardness and wear resistance exhibited by these
materials must be accompanied by acceptable fracture toughnesses (higher than the
values reported in this work) before alloy, iron-40 at% aluminium, can partly or

XI

completely replace cobalt binder. The solution to the fracture toughness question is
mainly dependent on further improvements to the mechanical properties of binder.

XII

1.0 Introduction :

Hardmetals or cemented carbides are composite materials with one or more hard

carbide or carbonitride phases and a ductile binder metal from the iron-group. Most

hardmetals production today is tungsten carbide-cobalt, as this class of hardmetal
has a unique combination of properties, which makes them the main choice for a
wide range of cutting and wear-resistant applications. In these hardmetals, the
tungsten carbide phase provides hardness and wear-resistance while the ductile
binder contributes to the toughness necessary for most of these applications [1].
Cobalt as the binder has good wetting and adhesion to tungsten carbide and offers
advantageous mechanical properties over those of other metals in the iron-group.
However, cobalt metal is expensive and toxic when occurring as fine particulates
[2], and hardmetals with cobalt binder have some property limitations such as poor
oxidation and corrosion resistance, high density and poor binder wear resistance.

Finding an alternative binder to cobalt in tungsten carbide based hardmetals that
is more readily available and less expensive has been the subject of much research

[3-7]. Materials such as nickel, iron, stainless steel and cobalt-alloys have all be

investigated [3,6,7]. However, to date, none of these materials has represented any
serious challenge to the dominance of cobalt as the binder in tungsten carbidebased hardmetals. Cobalt still remains the main binder material and accounts for
over 95% of hardmetals production [1].
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Ordered intermetallics, especially the aluminides of iron and nickel have
attracted much research interest for applications including structural materials at
high temperatures [8-16]. However, there has been little research into their
application as binder materials for intermetallic matrix composites [2,17]. Iron
aluminides, in particular, are thermodynamically compatible with a wide range of
ceramic particles [17-21]. In addition, their properties can overcome certain
shortcomings of cobalt binder in the tungsten carbide-cobalt system [17,21,22].
These properties include excellent oxidation and corrosion resistance, low density,
relatively low cost, zero toxicity and high hardness and wear resistance.

Iron aluminides based on the B2-FeAl phase (36-50 at% Al) have melting points
comparable to those of iron group metals [22]. They can wet ceramics including
tungsten carbide without significantly reacting with them [18,21,23]. They have
acceptable levels of fracture toughness combined with high hardnesses and
abrasion resistance, a critically important property-combination for most wear
applications [18,19,21,22]. The hardness and abrasion resistance of these alloys
exceed those of cobalt metal [21]. As a result of these attributes, iron aluminides
based on B2-FeAl phase have great potential as matrix materials for tungsten
carbide and other ceramics. If acceptable toughness and bonding properties can be
achieved, their use as matrix materials for tungsten carbide phase is, therefore,
expected to produce composites with properties superior to those of the
conventional hardmetals of tungsten carbide-cobalt. These potential advantageous
properties of tungsten carbide-iron aluminide composites can only be realised if
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composites containing high volume fractions of the carbide phase can be sintered to
high densities, similar to those of tungsten carbide-cobalt hardmetals [21,23].

The conventional sintering techniques of pressureless liquid phase sintering and
melt infiltration are used with a wide variety of composite materials including
tungsten carbide-cobalt hardmetals [20,21]. However, these techniques require

considerable solubility of solid phase in the liquid and liquid phase wetting of the
solid grains [23-25]. Iron aluminide intermetallics based on B2-FeAl phase have
low solubility for tungsten carbide [21]. Their high concentration of aluminium
leads to the formation of a continuous oxide layer on the surface of the iron
aluminide grains, which can become an obstacle during liquid phase sintering
[21,26]. These factors may preclude the use of conventional sintering techniques
for the processing of tungsten carbide/iron aluminide composites. Pressure-assisted
sintering may be required for obtaining high-density composites with high volume
fractions of the carbide phase, as is the case in this work. Low sintering
temperatures and/or short sintering times may also be possible with the use of
pressure. Excessive grain growth of carbide phase may be prevented by using low
sintering temperatures and/or short sintering times.

The aim of this project was to investigate the potential of the binary alloy of B2iron aluminide with a composition of 40 at% aluminium as a matrix material for
tungsten carbide. Properties of tungsten carbide-iron aluminide composites were

investigated. The results of hardness, fracture toughness, flexural strength and wea
resistance of these materials would determine whether the properties of tungsten
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carbide-iron aluminide composites can satisfy essential requirements for cutting
and wear-resistant applications. The influence of the change in grain size of the
carbide phase on the properties of tungsten carbide-iron aluminide composites was
assessed. Processing of nanostructured tungsten carbide-iron aluminide composites
was performed via uniaxial hot pressing. This was followed by assessment of
properties, in comparison with those fabricated from conventional micron sized
starting powders.
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2.0 Literature R e v i e w

2.1 Cemented Carbides

Cemented carbides or hardmetals are a group of sintered materials with

outstanding properties of high hardness and wear resistance. They generally consi

of one or more brittle carbides of the transition metals cemented by metal binders
from the iron-group. Most cemented carbides used today are based on tungsten

carbide (WC) material, with several possible additives. The properties of cemente
carbides depend on the compositions of the carbide and the matrix phases, and
microstructure and chemical purity of the carbide phase [1]. The main binder
employed in cemented carbides is Cobalt (Co). Cobalt has excellent wetting of
carbides and good combination of mechanical properties [2]. The Co-content in

cemented carbides is usually less than 10% by weight for cutting tools, but it can

up as high as 30% for wear-resistant coatings. The average grain size of the carbi
phase ranges from less than 1 pm to 5 pm for machining tools and up to 10 pm for

wear parts [3]. Other cementing phases used with carbides are nickel (Ni), iron (

or an alloy including at least one of these transition metals [4]. Cemented carbi

are generally densified using liquid phase sintering [5,6]. The sintering temperat

depends on the hardmetal composition. Lower binder content often requires a higher
sintering temperature [6].
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2.1.1 Historical Developments

The synthesis of tungsten carbide in 1896 by the Frenchman H. Moisson

represents the foundation for cemented carbides. The demand for ultra-hard drawing

dies for tungsten wire, used in the tungsten lamp, sparked search for the replacem
of diamond by a synthetic material. The decisive breakthrough in the history of
cemented carbides was when WC-Co hardmetal was invented in 1923 by Schroter.
The potential of WC as a candidate for replacement of diamond was long realised
before Schroter's invention. It was also known that sintered materials could be
improved by embedding their pores in liquid metal. Nickel was earlier used in the
sintering of WC. However, imperfect penetration of the melt resulted in a sintered

material with poor quality [7]. Following Schroter's invention of WC-Co composite,
a number of alloys like TaC-Ni and Mo2C-TiC-Ni were developed. The superior hot
hardness, and oxidation resistance of TiC were attractive properties for the highspeed cutting of steel. Alloying of WC with TiC, M02C and TaC were introduced in
the 1930's.

The application of wear resisting coatings on hardmetal substrates was the major
development in the field of cutting tools in the 1970's [8] whereas, hot isostatic

pressing was the major breakthrough in the area of mining tools and wear parts [9].
The tendency to use finer grained materials in the hard metal industry has been
growing over the years [10]. Fine powders, when sintered, produce materials with
higher toughness and strength coupled with higher hardness and wear resistance as
compared to coarser powders. Hardness values up to 2200 HV30 (6 wt% Co) and
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bending strengths of up to 5000 M P a (15 w t % C o ) have been achieved in
conventional WC-Co [11]. The difficulties of using fine powders arise from their

sensitivity to processing conditions and carbide grain growth during sintering. Also,
fine powders are extremely reactive during liquid phase sintering. Powder purity,

chemical stability, and the addition of appropriate grain growth inhibitors are cruc

factors in retaining fine structure of the sintered material [10]. Fine powders can b
further reduced to nanometer grain size by techniques such as spray conversion
processing [12], and ball milling over extended periods [13]. Nanocrystalline
ceramic powders can be processed at lower temperatures and pressures into
materials with higher hardness, fracture toughness, and ductility than coarser
powders [14]. Further improvements in the properties of cemented carbides might
be achieved from the use of nanosized starting powders.

2.1.2 Liquid phase sintering

Conventional liquid phase sintering involves significant solid state densification

in the early stages of sintering. This is mainly due to solid state diffusion, trans
of particles and plastic flow of carbide binder [15]. Solid state densification
increases with decreasing particle size [16]. The shrinkage of compacts during early
stages of sintering is mainly related to the particle rearrangement processes, which
can be promoted by closer particle packing [17]. Grain growth also can take place
concurrent with the early stages of densification. This early growth can largely be

restricted by addition of appropriate grain growth inhibitors. The decrease in growth

rate of the carbide is associated with a lower densification rate, indicating that th
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mechanisms of densification and grain growth processes are closely interlinked in
spite of their different driving forces [10].

The main driving force for sintering of hardmetals is the reduction of the
interface energy of the system [10]. It is accomplished by reducing the area of the
surfaces and interfaces of the compact. Such reduction in area involves two
concurrent processes, densification and WC grain growth. The densification process
happens by the replacement of the gas-solid interface by a lower energy solid-solid
or solid-liquid interface. The grain growth of WC particles results in a decrease of
the solid-solid or solid-liquid interface area and the formation of low energy
prismatic interfaces. Also, chemical reactions may take place during sintering of
hard metals. These can result in diffusion gradients and interactions with the two
processes involved during sintering. These chemical reactions are mainly during the
stage of isothermal liquid sintering [10].

Two types of grain growth exist, continuous and discontinuous. In continuous

grain growth, the sizes of individual grains are relatively uniform. The differences i
individual grain sizes increase during discontinuous grain growth due to the rapid
growth of some of these grains. The theory of continuous grain growth is based on

interfacial free energy as the driving force [18] and grain growth during liquid phase
sintering is considered as an Ostwald ripening process [17].

Liquid phase sintering in a classical system occurs in three overlapping stages
[19]. A schematic representation of the liquid phase sintering stages is shown in
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Figure 2.1. These include rearrangement, solution-precipitation, and solid state
controlled sintering. In the first stage, significant densification results from particle
re-packing at the liquid formation onset. Five criteria must be satisfied for
significant rearrangement on melt formation in heavy alloys [21]. They include the
solubility of the solid in the liquid, low contact angle, small dihedral angle, low
degree of solid state inter-particle bonding and loose powder structure. T h e
processing conditions and material characteristics also can influence the behaviour
of the liquid phase sintering material. A high solid solubility in the liquid aids
densification by rearrangement [22].
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1, Rearrangement
liquid formation
ond
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Figure 2.1: Classic stages of liquid phase sintering [21]
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In systems with high solid solubility in the liquid, processes other than
rearrangement contribute to the initial densification. Extensive densification takes
place prior to the formation of first liquid. A good example of these systems is WCCo hardmetal with over 8 wt-% Co. This hardmetal can be sintered to full density
without any liquid phase formation [23]. Limited densification occurs with an
insoluble system since rearrangement is the only active process [21]. The solubility
of solid in liquid and the quantity of liquid can be increased by the use of higher
sintering temperatures. As a consequence, higher temperatures are favourable for the
sintering of binary systems [20].

Most of densification by rearrangement occurs very shortly after liquid formation

[24-26]. The liquid wetting of the solid is an essential characteristic of the liquid.
wetting liquid will spread by capillary force. A hydrostatic pressure acts on the

pores of the compact, as a result of the attractive force between the particles creat
by the wetting liquid, and the particles repack to a higher degree of coordination.
Liquid spreading and penetration throughout the microstructure control the

densification rate. Small particle size and low inter-particle friction can further a

the resulting increase in compact density [21]. Time is not a significant factor in t
rearrangement stage. However, rearrangement is affected by the volume fraction of
liquid. Complete densification is possible by rearrangement and pore filling alone
on liquid formation if the volume fraction of liquid is high enough. As liquid
decreases, other processes like solution-precipitation must be active for full

densification [20]. In general, the rate of rearrangement is slower and the amount of
rearrangement is increased as the amount of liquid increases. The combined effects
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of viscosity and capillary forces are responsible for such changes in the rate and
amount of rearrangement. Both compact viscosity and the inter-particle capillary
force decrease with an increasing volume of liquid [21]. For insoluble systems like
WC-copper (Cu), maximum densification is estimated at around 50% in liquid [27].

The second stage of liquid phase sintering is referred to as solution and
precipitation. During this stage, rearrangement ends and solution-precipitation
processes begin. Solid solubility in the liquid is required for active solutionprecipitation. The processes of grain growth, dissolution of small grains, grain
rounding, densification, and development of rigid skeleton of solid take place during

this stage of liquid phase sintering [21]. The rate of densification in the intermedia
stage is dependent on the rate of mass transfer through the liquid. Changes in
microstructure, such as grain coarsening and shape accommodation, take place
concurrent with mass transfer through the liquid. These changes lower the total
system energy by the elimination of interfacial area. As a result, pores shrink while
grains grow [20]. The pores will be either eliminated or stabilised by trapped
internal atmosphere at the end of the intermediate stage. In most useful liquid phase

sintering systems, the quantity of liquid is insufficient to fill all pore space on me
formation. As a consequence, porosity still exists in the compact at the end of
rearrangement. Porosity is further reduced by grain shape accommodation. The
grains attain better packing by selective dissolution of the solid with precipitation
points in the microstructure removed from the grain contacts. The transport of
material takes place through the high diffusivity liquid surrounding the solid grains.
For solution-precipitation to be active, solid solubility in the liquid is necessary.
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Coalescence of small grains with contacting large grains also contributes to grain
coarsening and shape accommodation [27].

The final stage processes in liquid phase sintering are an extension of the

solution-precipitation process active during the intermediate stage. In the final s
of liquid phase sintering, the structure approaches a minimum solid-liquid
configuration and the solid grain and liquid shape will depend on the surface
energies and volume fraction of liquid [21]. The minimum energy grain shapes will
be established during the final stage as pores are eliminated and solutionprecipitation continues to give grain growth and grain shape accommodation. The

changes in microstructure observed in the final stage influence properties like we

resistance, strength, fracture toughness, and ductility. The control of changes dur
the final stage is desirable because of the influence of microstructure on the
properties of liquid sintered materials [21].

2.1.3 Nature of Refractory Carbides

The metal carbides of groups IV to VI of the periodic table are the main
refractory carbides employed in cemented carbides. Group IV carbides form only
mono-carbides, whereas the V- and Vl-group metals form both semi-carbides and
mono-carbides [28]. IV-group metal mono-carbides (TiC, ZrC, HfC) have a wider
homogeneity range than V-group mono-carbides (VC, NbC, TaC). Various models

have been proposed to explain the basic nature of refractory carbides. Samsonov and
co-workers have reviewed these models [29],
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The refractory carbides are characterised by high hardness and modulus of
elasticity. Hardness decreases from group IV carbides to group V and VI carbides.
The variation in hardness is connected to the inter-atomic interaction energy, which
depends on the electronic nature of the elements which form the carbide [28].
Tungsten carbide can undergo plastic deformation more easily than other carbides.
Slip bands have been observed in the vicinity of hardness indentations in WC single
crystals [29]. Glide bands, and dislocation network formation indicate that the WC
grains in WC-Co are plastically deformed during compression testing or even during
transverse rupture testing. The plastic behaviour of WC partially accounts for the
high strength and toughness of WC-based hard metals [28].

2.1.4 Phase Relations of Refractory Carbides

Cemented carbides usually contain more than one carbide phase. The phase
relations among them are important for the understanding of the formation of
ternary compounds in their systems. IV- and V-group transition metals are similar in
their chemical properties, and the chance of ternary compounds forming in their
carbide systems is insignificant [29]. However, exceptions are in those systems
containing vanadium (V). Table 2.1 shows the partial solid solutions formed among
refractory carbides. Vl-group carbides have significant solubility in IV-group
carbides. The isomorphous solid solution of V-group metal carbides in IV-group

carbides and the significant solubility of Vl-group carbides in IV-group carbides can
be explained by the sufficiently higher donor capacity of group IV-transition metals

16

so as to form Sr stable configurations [28]. The solid solubility of IV- or V-group
metal carbides in Vl-group metal carbides is rather insignificant.

Table 2.1: Isomorphous Solid Solution Systems in Refractory Carbides [29]
Carbide

Size Factor

System

Solubility, M o l %

T, °C

II in I

I in II

I-II

TiC-Cr3C2

15

32

0

1725

TiC-WC

4.3

90

5

2700

ZrC-VC

19.4

5

1

-

ZrC-MoC

15.1

90

-

2600

ZrC-WC

14.3

35

-

2100

HfC-VC

18.6

5

5

-

HfC-Cr3C2

25.2

0

0

-

HfC-MoC

14.4

90

0

2000

HfC-WC

13.5

40

0

2000

VC-M02C

3.7

25

-

1500

VC-WC

4.5

20

-

2100

NbC-Mo2C

4.3

60

-

-

NbC-WC

3.6

72

-

2500

NbC-Mo2C

5

65

-

2100

TaC-WC

4.3

17-75

-

2100-2500

Nb2C-Mo2C

4.3

2

20

1900
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2.1.5 Binder Phases and Their Interactions with Carbides

The interactions between the carbides and binder material, during sintering, result
in the development of various solid solutions and the formation of new phases. The
interactions presented here are for the W-C-Co system since it is the most
investigated among all other metal-carbon-binder metal systems. The carbide rich
parts of most of the metal-carbon-binder metal systems have not been fully
established [30-36]. For the WC-Co system, the following results are valid. For a
composition corresponding to a W/C atomic ratio close to 1, the phases, WC, liquid
and a (solid solution of WC in Co) are stable. At lower carbon content a ternary
phase, a, occurs. Other ternary phases or W2C will be stable only at much lower
carbon contents or at very low cobalt content, respectively. Figure 2.2 shows
isothermal sections at 1400°C of the W-C-Co phase diagram. Major differences in
the number of ternary phases exist between the three diagrams. The reasons for the
formation of rj-phase in cemented carbides after rapid cooling even at relatively
high carbon content have been discussed by Exner [37]. Exner based his explanation
on the results of Gruter (31), who established r\ -phase in equilibrium with WC and
liquid even at stoichiometric composition at temperatures ranging from about 1200
to 1450°C.

The properties of hardmetals can be improved to a considerable degree by
modifying not only the proportion and distribution of binder phase, but also the
composition of the binder itself. The characterisation of binder phase composition
of utmost importance since the controlled variation of the binder phase by small
18

additions and the control of carbon content in the binder can lead to significant
improvements in the properties of hardmetals [37].

Figure 2.2: Isothermal sections of the W - C - C o phase diagram at 1400 C (a) Rautala
and Norton [30] (b) Norton [31] (c) Pollock and Stadelmaier [32].

2.1.6 Wetting Behaviour

Cemented carbides are invariably sintered in the presence of a liquid phase. The
wetting behaviour of the liquid binder is influenced by the interface energy between
the carbide phase and the binder and its relation to the grain boundary energy of the
carbide [37]. Refractory carbides are practically not wetted by metals of groups
IIIB-VB, but are, in general, wetted by transition metals. Tungsten carbide is an
exception because, in contrast to group IV carbides, it has good wettability with
melts of iron group metals (Table 2.2) [29]. Such variations in interaction may be
explained by differences in the electronic structure of metals [28]. The atoms of
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metals that do not wet carbides have completelyfilledor empty d-shells, while the
transition metals that wet carbides have defective d-shells. This is an evidence of the
decisive role that d-shells play during wetting [28]. Attempts to clarify the atomic
nature of wetting have not yet led to a consistent theoretical approach to the wetting
behaviour of carbides. However, it can be safely stated that a strong chemical bond
exists at the interface between carbides and iron group metals [37].

Table 2.2: Wetting of Some Refractory Carbides by Liquid Metals [29]

Carbide Wetting Melt Temperature Contact Angle (deg.) Atmosphere
(°C)

TiC Fe 1550Fe39 Hydrogen 1550

WC

TiC-WC

39

Co

1500

36

Hydrogen

Ni

1450

17

Hydrogen

Fe

1500

0

Vacuum

Co

1500

0

Hydrogen

Ni

1500

0

Vacuum

Cu

1100

30

Argon

Co

1477

26

Hydrogen

Co

1477

4

Vacuum

Ni

1477

16

Hydrogen

Ni

1477

6

Vacuum

Chemical bonding is especially favourable in the case of WC-Co. It leads to a
very low interfacial energy for this system, nearly perfect wetting and very good
adhesion in the solid state. The wetting angle of Co on W C is zero and spreading
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occurs readily, independent of vacuum pressure or type of inert atmosphere used. In

general, wetting is not usually a limiting factor in the production of hard metals
Liquid metals of the iron group can readily spread over carbide particles and

penetrate the grain boundaries between carbide particles. The formation of contact
between the carbide crystals during sintering shows that the grain boundaries in

carbide are different from those in cemented carbides. The grain boundary energy i
cemented carbides is reduced, presumably, by taking up metal atoms leading to
incomplete wetting. Additions changing the electronic interchange between the
carbide and binder and/or adjusting the carbon (or oxygen) content of the ambient

atmosphere can eliminate sintering difficulties arising from incomplete wetting i
conventional systems [37].

2.1.7 The W-C System

Phase relationships in the W-C system have been extensively studied [38,39].
The W-C system is characterised primarily by two carbide phases, WC and W2C.
An additional high temperature phase, WCi-x, has also been identified [40,41].

Figure 2.3 shows two different interpretations of the W-rich part of the equilibr
diagram for the W-C system [39, 42]. The decomposition of WC at 1750 °C to aW2C and C in Figure 2.3(b) is the major discrepancy of the diagrams. The
temperature of the eutectoid reaction (W2C - WC + W) has been fixed at 1302 ± 5
°C [40]. However, W2C is usually retained at room temperature even at slow
cooling rates. The cubic sub-carbide WCl-x can be detected at room temperature
only in extremely rapidly cooled samples such as in plasma sprayed layers [37].
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High temperature phases are not important as far as cemented carbides are
concerned except during the production of WC where W2C happens as an
intermediate product.

The phase WC has a very small range of homogeneity. Its carbon content
corresponds to the theoretical value of the stoichiometric composition (50 at% or
6.13 wt%). This means that there are no carbon vacancies, tungsten vacancies or

interstitials other than those created by thermal activation [41]. The crystal str
of WC is simple hexagonal with two atoms per unit cell (Figure 2.4a). The lattice
constants are a = 0.2906 nm and c = 0.2837 nm with cla = 0.976 [37]. The prism

crystal planes of (1010)-type have high polarity, because of the different spacing
the tungsten and carbon planes in [1010] direction and there are two sets of three

equivalent (1010) planes rather than six equivalent (1010) planes [43]. This is th
reason why WC crystals grown from liquid metal solutions assume the typical shape
shown in Figure 2.4b, which corresponds to the ditrigonal-bipyramidal class of the
crystal system [43,44]. This is also the equilibrium shape of the WC grains in the
cemented carbides [45]. WC maintains hardness at high temperatures and shows
considerable plastic deformation [46].
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wc
n icoi

Figure 2.4: (a) WC-unit cell and position of carbon atoms [37] (b) The Shape
of equilibrium crystals of W C [43].
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2.2 Intermetallic C o m p o u n d s

2.2.1 Introduction

Intermetallics are potential candidates for a wide range of applications at high
temperatures because of their excellent oxidation and corrosion resistance [47]. In

particular, the aluminides of nickel, titanium, and iron have attractive properties f
high temperature applications. These include low densities, high strengths and
stiffnesses, excellent oxidation and sulfidation resistance and effective creep
resistance [48]. In contrast to steels and super alloys, aluminides do not require
chromium to form a protective oxide layer on their surfaces. They possess high
concentrations of aluminium and form a continuous and fully adherent alumina
layer. This layer is responsible for their excellent oxidation and carburisation
resistance up to high temperatures [47]. Alumina is much more thermodynamically
stable than chromium oxide (Q2O3) [47].

2.2.2 Iron Aluminides

Iron aluminides possess advantageous properties that can be utilised in structural
applications at high temperatures as well as in binder applications. They include
lower density than many stainless steels (better strength-to-weight ratio), higher
sulfidation resistance than any other iron- or nickel-based alloys, high electrical
resistivity, and good corrosion resistance in many aqueous environments [47]. In
addition, iron aluminides based on Fe3Al and FeAl phases can offer materials with
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low cost and reservation of strategic elements [49]. The major drawbacks of FeAl
and Fe3Al are their low ductility at room temperature, low strength at high
temperatures, and their inadequate high-temperature creep resistance [50-54].

Iron aluminides based on B2-FeAl phase have been found to be
thermodynamically compatible with a range of carbide and boride phases such as
WC, TiC, TiB2, and ZrB2 [9,10]. Chemical stability of WC hard phase in contact
with liquid B2-FeAl intermetallics indicates that WC-FeAl composites may be
produced without excessive reaction between the aluminide binder and WCparticles. This work uses FeAl phase with 40 at% Al as a binder in WC-FeAl
hardmetal. Other phases with potential binder applications in the iron aluminide
system are Fe3Al based compositions. This chapter gives a detailed review of these
iron aluminides and their properties.

2.2.3 Phase Relations in Fe-Al System

The phase diagram of Fe-Al system is shown in Figure 2.5 [57]. Iron aluminide

can exist in a number of different forms. In the Fe-rich half of the phase diagram,
two distinct phases are present; FeAl and Fe3Al. FeAl has an ordered bcc structure
(B2) (Figure 2.6a) whereas Fe3Al may exist in either a B2 form at higher
temperatures or the more complex cubic structure of DO3 (Figure 2.6b) at lower
temperatures. DO3 structure transforms to B2 structure at about 550°C for
stoichiometric Fe3Al [58]. At higher temperatures, the material may disorder to a
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(a)

o fit

FeAl

FgjAI
(b)
Figure 2.6: B 2 unit cell of FeAl and D03 unit cell of Fe3Al [58].
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bcc solid solution, a [48]. The B 2 structure can be described as consisting of two
interpenetrating simple cubic lattices with Fe-atoms occupying one lattice and Al-

atoms occupying the other. In contrast, the DO3 lattice consists of an array of eig
B2 unit cells but with alternating Al- and Fe-body centred atoms. The
transformation temperature from DO3 Structure to B2 Structure decreases with
increase in Al-content. The DO3 structure is not stable at Al-contents above about
at%. The exact positions of the phase boundaries between the DO3, B2 and a phases

are not well defined and still open to controversy [59]. Furthermore, phase equilib
between these phases are changed by the addition of ternary elements [57].

2.2.4 Deformation Mechanisms

Deformation behaviour of iron aluminides changes with composition,
temperature and the presence or absence of ordered structure [60]. For low Al-

alloys, outside the ordered regions of the phase diagram, the deformation is simila
to bcc iron. It occurs by movement of a0<lll> dislocations [61]. For higher Alcompositions with DO3 and/or B2 phases, deformation behaviour is characteristic of
most ordered alloys. In stoichiometric Fe3Al, the main slip system is {110} <111>.
The deformation behaviour of stoichiometric Fe3 Al should be dominated by motion

of the superlattice dislocations. These superlattice dislocations consist of fourfo
dislocations in the DO3 structure (Figure 2.7) or dislocation-pairs in the higher
temperature B2-structure (Figure 2.8) [62].
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Each of these dislocations envelops faults corresponding to their respective antiphase boundary (APB) types. These multiple dislocations are essential for a perfect
lattice translation in the ordered structure [63].

Dislocations in the D03 ordered phase consist of four \ a0<lll> dislocations
connected by two types of APB [62]. The outer pairs of dislocations are connected
by a } «0 <111> APB. These pairs are similar to the B2 dislocation configuration,
being affected mainly by nearest-neighbour interaction energies. The inner pair of
dislocations is connected by a \ a0<100> APB and affected by second nearest

neighbour interaction energies [62]. All four super partial dislocations are requir
to maintain the order during deformation. However, as the composition,
temperature, or degree of order changes, the energy of the two types of APB

changes, leading to the formation of several different dislocation variants [64]. I
the B2 phase, in which ordering involves only the first neighbours, the dislocation

configuration should theoretically consist of two \ a\<\\\> dislocations connected
by !<111> APB, where a0 is the lattice parameter of the B2 unit cell [65].
However, studies have indicated that room-temperature deformation of B2-ordered
FeAl occurs by motion of <ar0<lll>-type dislocations on {110} planes [66,67].
Especially in compositions above approximately 36 at% Al, the next neighbour antiphase boundaries (NNAPB) energy becomes so high that the spacing between the
two dislocations that make up the super dislocation can't be resolved by TEM and

only one dislocation is usually observed. In these high Al-compositions, a transiti
to the <100> slip direction occurs at temperatures around 0.4 to 0.5 of melting
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temperature ( T m ) [68]. Since for FeAl, T

m

increases with decreasing aluminium

content, the temperature at which <100> slip occurs also increases with decreasing
aluminium content [62].

2.2.5 Mechanical Properties

The mechanical properties of iron aluminides are dependent on aluminium
content, order, heat treatment, test temperature, alloying additions, environment,
microstructure, and defects [61,69,70].

2.2.5.1 Tensile Strength

Fe^Al-Alloys
Room-temperature tensile yield strength increases with increase in Al-content. It
shows a peak near the Fe3Al stoichiometric composition and then decreases again
[61,69-72]. There appear to be two reasons for that. The first is the high degree of
order of DO3 attainable at this composition with the APB produced on ordering
acting a barrier to movement of dislocations. The second reason is the variation in
degree and type of order obtainable by heat treatment of Fe3Al stoichiometric
composition [73]. Quenching of Fe3Al stoichiometric composition from
temperatures where the disordered a, B2- or DO3-ordered phases exist can result in
variations in the type and degree of order and an increase in room temperature yield
strength. Also, the yield strength of ordered Fe3Al compositions shows a peak at
the DO3-B2 transition temperature (Figure 2.9) [49]. Several theories have been
32

proposed to explain the deformation characteristics near the D O 3 - B 2 transition
[60,63,69,74]. Heat treatment can affect this deformation feature of ordered Fe3Al
compositions and a peak in flow stress can occur at intermediate temperatures of
about 450°C to 600°C [74]. Stoloff and Davies [74] suggested that the peak is the
result of a transition from motion of perfect superlattice dislocations in a highly
ordered lattice at lower temperatures to motion of individual dislocations in a
partially ordered matrix at higher temperatures. The increased order at lower
temperatures results in restraining forces on the individual dislocations leading to
hardening of the matrix. Above 600°C, the strength of Fe3Al drops significantly
[75].

33

800

— j

,

atX Al
T 16
* 22
• 28
• 35.8 * 43
* 4?

*

600
\

•.

\
\

«-

\

X. J)«£ _

\

| 400
is
w

> 200

j..^-,..— - 1 — > —

\

-

*^sS

*" -**X

^ \

Nr

•

«

J

0

»——J

200

»-

400

.»,. ,,,,,,*.

600

,„„JL,_«

i......-..i-

800

1000

1200

Test Temperature (*C)

120

"• »

1"

"-»-"

T

«

J

r™

-

•
•
•
•

IS
22
28
3SJ
A 43

5? 80
c
o
c
o

60

»— "J""

/

W**j» r»i

100

T

*
/

/

••

/ T

//
//

•-••

*'

/
/

40
20

••-

,ty4¥~~
,^»—
"—.„«,„„.. ^****^
-*^'^-»—
V"

l^-~-"^

0
()

200

4

g-

400

^

§00

800

10

Test Temperature ("0
(b)
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FeAl-Alloys
Strength and ductility of FeAl vary with composition. Strength decreases and
ductility increases as the Al-content decreases. A change in the fracture mode is
associated with the decrease in Al-content. The fracture mode changes from

intergranular failure to mixed mode to transgranular failure as Al-content decreases

[76]. A change from intergranular to transgranular failure with concomitant increase
in ductility occurs when boron (B) is added to FeAl. Boron segregation to the grain
boundaries results in the strengthening of weak FeAl grain boundaries [77]. FeAl is
believed to contain intrinsically weak grain-boundaries [78]. The strength of FeAl
also significantly changes with temperature. Fe-rich compositions show a peak in
yield strength at about 0.45 Tm [79]. This behaviour is believed to be connected to

the generation of thermal vacancies during testing, which inhibit the motion of slip
dislocations [80]. This yield strength peak is also combined with a change in slip
vector from <111> to <001>. It is suggested that this change in slip vector is
associated with the inhibition of <111> slip by thermal vacancies formed during
high temperature testing [34]. At temperatures above 0.45 Tm, a rapid drop in
strength and an increase in ductility are observed [78,79]. Alloying with elements
such as hafnium (Hf) and zirconium (Zr) in conjunction with carbon (C) can
increase high temperature strength of FeAl [81,82]. These elements can form fine
carbide particles such as hafnium carbide (HfC) or zirconium carbide (ZrC), which
pin dislocations and increase strength [82].
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2.2.5.2 Ductility and Fracture

Iron aluminides have all the characteristics required for good ductility despite
their low ductility at room temperature. They deform by {110}<111> slip like
disordered bcc metals and therefore have more than 5 independent slip systems.
Their strength values at room temperature are not so typically high that they would
cause low ductility. They are around 300 to 500 MPa [59]. The ductilities of both
FeAl and Fe3Al are significantly reduced through environmental embrittlement
[83]. This type of embrittlement is a major cause for low ductility of many
intermetallic alloy systems with large percentage of reactive metals such as Al,
silicon (Si), and titanium (Ti) [59,83-85]. Iron aluminides contain relatively large
concentrations of Al metal. Aluminium is suggested to be reacting with water
vapour molecules producing alumina and chemisorbed hydrogen [86]. Both Fe3Al
and FeAl are susceptible to environmental embrittlement in the presence of water

vapour, although the degree of sensitivity of Fe3Al appears to be less than FeAl [86
88].

Fe3Al shows significant plasticity when the material is tested in a vacuum or in
an oxygen atmosphere [89]. Above 600°C, Fe3Al exhibits very high ductility, but its
strength drops rapidly [59]. The two forms of Fe3Al exhibit similar levels of

ductility although B2 structure is slightly stronger [59]. Heat treatment can be use
to stabilise the B2-structure at room temperature. The susceptibility of Fe3Al to
environmental embrittlement can be reduced by addition of chromium (Cr) [89].
Thermomechanical treatment also can lead to improvement in Fe3Al ductility [75].
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Fe 3 Al shows higher ductility in the partially recrystallised state. A large number of

elongated grains in a direction parallel to the stress axis in the partially recryst
material can inhibit the mobility of hydrogen atoms along the cleavage planes
leading to improved ductility [89].

FeAl has low room temperature ductility although it has sufficient independent

slip systems, which satisfy Von Mises criterion for plastic flow in polycrystals. Th
low room temperature ductility is believed to be due to three major causes. They
include environmental embrittlement, weak grain boundaries and vacancy hardening
and embrittlement. Environmental embrittlement involving moisture in air is a
major cause of low tensile ductility of both Fe3Al and FeAl aluminides [90].
Environmental embrittlement is the only major cause for Fe3Al alloys, whereas
grain boundary weakness and vacancy hardening are two more reasons for low
tensile ductility in FeAl alloys with Al-content above 38 at% [91,92]. When
intergranular fracture becomes a dominant fracture mode for FeAl alloys, their
tensile ductility at room temperature also depends on grain size, with better
ductilities for small-grained materials [93]. Embrittlement can be reduced
substantially by controlling test environment, increasing strain rates and using
shielding gases (Figure 2.10) [90,94,95]. The hydrogen-induced embrittlement

affects not only tensile ductility but also cleavage planes [96-99]. Moisture-induced
hydrogen promotes {100} cleavage fracture in FeAl alloys. FeAl aluminides
fracture mainly by {100}-type cleavage when tested in moist air [97]. With
increasing Al-concentration from 35 to 50%, the cleavage fracture gradually
changes from {100} to {110} types in vacuum. Interstitial hydrogen absorbs
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electrons from iron atoms and reduces the cleavage strength of {100} by as m u c h as
70% [100]. This is consistent with the observed cleavage when FeAl is tested in
moist air [101].
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Figure 2.10: Stress-strain behavior of Fe-36.5 a t % Al at roon temperature in
various environments [86].

The fracture m o d e of iron aluminides depends on Al-content. Alloys containing
less than 40 at% Al fracture by a transgranular cleavage [71,102] while those with
more than 40 at% Al fracture intergranularly [88,103].
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The binary Fe3Al alloy always exhibits cleavage fracture regardless of ductility
and test environment [84]. The fracture mode of FeAl alloy containing 36.5 at% Al
shows a distinct change from transgranular cleavage to intergranular fracture as
environmental embrittlement is minimised and ductility increases [84,86,91]. The
grain boundaries of Fe3Al are strong enough to resist crack nucleation and
propagation, even after extensive deformation. In Fe-36.5 at% Al, the cleavage
planes are more susceptible to embrittlement than are the grain boundaries, which
are the weakest links in the aluminide. The stoichiometric FeAl composition shows

almost no ductility [104]. It fractures on grain boundaries before yielding. The yie

stress of FeAl drops as the Al-content in the B2 phase field is reduced resulting in
some room temperature ductility [62].

2.2.6 Ternary Additions to Ordered Fe-Al Alloys

Alloying additions to Fe-Al alloys can be divided into two categories; interstitial
and substitutional additions. The two elements carbon and boron can form
interstitial alloys with Fe-Al composition and have effect on the ductility and
fracture mode of these compositions [102,104]. Carbon additions to Fe3Al-based

alloys decrease the ductility of these alloys [102]. Boron additions of up to 0.2% t
FeAl compositions with 40 to 50 at% Al change the fracture mode from
intergranular to transgranular cleavage in substoichiometric alloys [69,104]. Boron
doped Fe-40 at% Al alloys show improved tensile ductility of 6%, while Fe-46% Al
shows no such improvement. However, a decrease in ductile to brittle transition
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temperature is observed on B addition to F e - 4 6 % Al [105]. Grain boundary
strengthening resulting from B additions is believed to be the reason for such
improvement in tensile ductility of Fe-40% Al [105]. The tensile elongation of Fe40% Al doped with 300 wt ppm B is around 16.8%, when tested in dry oxygen, as
opposed to 4.3% when tested in air [91,106]. The grain boundaries are much more
boron-enriched as compared to the bulk alloy. However, Fe-50% Al always fails
intergranularly irrespective of test environment and boron doping [69,91,104,105].

A large number of elements can form substitutional alloys with Fe-Al
composition. Ternary additions from these elements to B2 Fe-Al alloys result either
in solid solution strengthening or second phase strengthening. Solid solution
strengthening occurs when the ternary elements can form single phase B2 Fe-Al-X
alloys after homogenisation. These elements include Ni, Co, Ti, Si, Mn and Cr.
Second phase strengthening occurs when the ternary elements have incomplete or
little solubility in FeAl after long homogenisation at high temperatures. The
elements that have incomplete solubility in FeAl include Zr, Hf, Nb, Ta and Re. The
elements Molybdenum (Mo) and tungsten (W) appear not to have any significant
solubility in FeAl [105].

2.2.7 Wear Properties of Iron Aluminides

The characteristic ordered structure of many Intermetallic alloys provides

these materials with several attractive properties for wear applications. They inclu

strength, stiffness, and oxidation and corrosion resistance [107-109]. In addition, t
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long-range ordered superlattice of intermetallics reduces dislocation mobility at
ambient temperatures and diffusional processes at high temperatures [110]. The
inhibition of easy dislocation movement through the lattice results in low tensile
ductility and fracture toughness. These two properties are critically important for
structural applications. However, in wear applications, where loads are compressive

in nature, ductility is not as critical as in structural applications [101]. Hardness
strength, and work hardening ability are more critically important properties for

wear applications. As a result, intermetallics and intermetallic composites with hard

particle reinforcements are potential candidates for wear applications, especially in
severe environments.

Wear behaviour is not an inherent material property. It is a 'system response' that
depends on several factors. They include the type of wear (abrasion, sliding and
impact); the material's properties (hardness, fracture toughness and strength); and
wear environment. Wear environment includes intrinsic factors such as abrasive
particle characteristics and counter-face material properties and extrinsic factors
such as lubrication, moisture and corrosive and/or oxidising environment. For Fe-Al
alloys, Al content has a greater effect on the wear behaviour of the alloy than heat
treatment [111]. The wear rates of Fe-Al-based alloys decrease with the increase in

Al-content. The decrease in wear rate is a result of the increase in bulk hardness of
the alloys. The bulk hardness of Fe-Al alloys increases with increasing Al-content.
For example, the Fe3Al based alloys (Fe-25% Al and Fe-34% Al) have abrasive
wear rates about 45% lower than Fe, and are comparable to 304SS, 316SS and AISI
4340 steels [111].
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2.2.8 Iron aluminides Matrix Composites

Conventional cemented carbides typically consist of grains of hard refractory
transition-metal carbide bonded with a relatively soft metal from group VIII of the
periodic table. Tungsten carbide/cobalt (WC/Co) is a classic example of cemented
carbides. These materials are processed by conventional powder metallurgy
techniques and densified using liquid phase sintering. The tungsten carbide/cobalt
system possesses a unique combination of elastic modulus, compressive strength,
hardness, and fracture toughness, which has made its members relatively
indispensable in a variety of industrial applications.

New materials have been developed in the last few decades, in the search for
a suitable alternate to WC-Co. The search has been motivated by economic and
strategic considerations. None of these materials has matched the
toughness/hardness behaviour of WC-Co. A comparison of the fracture
toughness/hardness behaviours of several cemented carbides can reveal the
uniqueness of WC-Co in respect to its fracture toughness/hardness behaviour [112].
The high fracture toughness/hardness combination exhibited by the WC/Co is partly
due to the excellent wetting of WC by Co, and the specific yield and work hardening
of the cobalt binder. Fully dense composites with very high volume fraction of WC
(90 vol.% and above) can be achieved by liquid phase sintering of mixtures of WC
and Co powders. Also, WC has unique features, which distinguish its behaviour
from those of other transition-metal carbides. Tungsten carbide can undergo plastic
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deformation at room temperature [113]. The cleavage energy of W C is several times

higher than that of other carbides [114], and its elastic modulus is very high [115
These unique properties have made WC the principal hard phase in conventional
cemented carbides and in the new systems under consideration for further
development [115].

Most of new systems have WC as the hard phase [115]. Development work

on a suitable alternate to WC-Co system has until now been restricted to finding a

new binder for WC. The alternative binder should possess certain requirements to b
suitable for liquid phase sintering. These include wetting of the WC phase, having
solubility for Tungsten (W) and Carbon (C) and forming liquid with these two
elements at not too high temperature. The binder should also be a non-carbide
former and should not form intermetallic compounds [115].

Iron aluminides, especially those with B2 structure, can wet a wide variety of
ceramics including WC, TiC, TiB2, and ZrB2 [55]. Iron aluminides with 40 at% Al
have a melting point of 1420°C, a density of 6.0 g/cm3 and excellent resistance to
oxidation, sulfidation, and molten salts. The major drawback of intermetallics in
general and aluminids in specific, which has inhibited their use in structural

applications, is their lack of room-temperature ductility [116]. Better understandin

of the mechanical behaviour of aluminides has led to the identification of the cau
of their brittleness. Extrinsic factors such as testing environment have been

established as the main causes for such brittleness. Also, iron aluminides ductilit
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can show considerable improvements by measures such as micro-alloying with
boron and grain size reduction [116].
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2.3 Nanocrystalline Materials

2.3.1 Introduction

Nanocrystalline materials are single or polycrystalline solids with grain sizes in
the nanometer range, typically less than 100 nanometers [117]. Nanocrystalline
materials are a subset of nanostructured materials, which have grains with at least
one of their dimensions in the nanometer range. In recent years, nanocrystalline

materials have stimulated increasing interest due to their unique properties. Many of
these properties are fundamentally different from those of coarse-grained materials
[118]. The differences are basically a manifest of the structural characteristics of
these materials. Two structural changes accompany the reduction of the crystallite
size of a polycrystalline material from macroscopic dimensions down to the
nanometer scale [119]. They are the creation of interfaces, where the local atomic
arrangements (short-range order) are different from those in homogeneous ordered
state of matter, and the modification of the atomic structure of the crystallites

through the introduction of defects, strain fields or the displacements of atoms from

their ideal crystal lattice positions. The number of interfaces increases as the grai
size is reduced, and the fraction of atoms on interface sites in nanocrystalline
materials becomes comparable to the number of crystal lattice atoms. For example,
at a grain size of 6 nanometers nearly half of the atoms would reside on grain
boundaries [120]. The overall properties of the material are no longer determined

by the atomic interactions in the crystal lattice alone. Instead, the material will h
novel properties reflecting the contribution from the interfaces.
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A n attempt is m a d e in this work to process W C - F e A l nanocomposites from
nanocrystalline WC and FeAl powders. This chapter briefly reviews the processing
techniques of nanocrystalline materials and their properties with focus on ceramic
materials and hardmetals.

2.3.2 Synthesis of Nanocrystalline Materials

Nanocrystalline materials are processed through a wide range of methods. These
methods are either single step or two-step procedures. In a two-step procedure,
isolated nanometer particles are prepared and then densified by consolidation and/or
sintering in a subsequent step. By contrast the bulk of nanostructured materials is
prepared directly from a precursor material in a single step procedure [119].
However, bulk nanocrystalline ceramics are fabricated almost exclusively by the
compaction and sintering of ultrafine single particles, or of larger particles
containing ultrafine grains. An exception exists with certain nanocrystalline
ceramics, which are fabricated by crystallisation of glass [121].

Most synthesis techniques of nanocrystalline ceramic powders can be divided
into three classes: chemical techniques; mechanical milling and thermophysical
techniques. The chemical techniques use direct chemical reactions to produce a
material in powder form, and manipulation of the reaction kinetics to encourage
nucleation over particle growth. The modification of the reaction kinetics is
achieved through adjusting the amounts or ratios of the reactants, or the thermal
energy input or distribution in the reaction chamber [121]. Sonic and ultrasonic
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agitation has also been used to form ultrafine particles in a reaction pool. Enormous

stresses and elevated temperatures are used to accelerate the reaction kinetics [122]
The powders produced using chemical methods are close to the final, desired
composition but they usually attain the final composition only after heating
(calcination) to drive off volatiles. Minimising the calcination temperature is
essential in the preparation of nanocrystalline ceramic powders, as to maintain low
grain growth and bonding of particles [123].

Mechanical milling is generally used to produce ultra-fine ceramic particles with
sizes of over 100 nm. However, these particles commonly contain grains in the
nanometer range. The particles are fabricated by milling precursor powders, which

repeatedly fracture and re-weld to create a fine scale structure, and then chemicall
reacted to the final ceramic products with similar fine structure. The chemical

reaction can be a part of the milling process, or a post-milling anneal. A wide rang
of ceramics has been produced this way including MoSi2 [124], iron carbides [125128], Titanium diboride [129] and various nitride and boride ceramics [130-132].

Thermophysical methods of fabricating ultrafine ceramic powders use thermal
energy, sometimes in combination with mechanical stress, to reduce a large grained
solid to a powder form without changing the chemical composition of the material.
The gas phase condensation technique is a dominant synthesis method in this

category. It involves evaporating a solid by heating to form a supersaturated vapour
out of which nanometer particles subsequently condense. Other routes can be used
in achieving supersaturated vapour such as electron beam evaporation, laser

47

ablation, magnetron sputtering and arc discharge leading to a wide variety of
particle sizes, shapes, and compositions [133,134]. The thermophysical synthesis
methods of nanocrystalline ceramics are the cleanest among all synthesis routes
because they are typically performed in a well-controlled atmosphere within vacuum
facilities.

2.3.4 Sintering of Nanocrystalline powders

Two-step procedures for the synthesis of nanocrystalline are attractive methods
for the preparation of bulk materials. However, the densification of nanocrystalline
powders while retaining the nanometer scale of the microstructure remains a
challenge [119]. The elevated sintering temperatures necessary to allow significant
diffusion to take place for densification can lead to grain growth by the same
mechanism. A number of systematic studies of the densification behaviour of
nanocrystalline ceramics have found that relative densities of 95% and above can
only be achieved at the expense of extensive grain growth, with final grain sizes
substantially above 50 nm [135-137]. Despite grain growth associated with the
thermal energy sintering of nanocrystalline ceramics, the lower sintering
temperatures required and the homogeneous microstructures of fine grained ceramic
materials prepared from nanocrystalline starting powders are attractive for technical
applications. More significant changes in the physical properties are expected from
dense materials with grain sizes truly in the nanometr-scale and with a larger
specific interface area than has been achieved to date [119].
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Cemented carbides, or hardmetals, are processed by liquid phase sintering of
compacted powder mixtures of the carbide and binder phases. Fine powder sizes are
used to optimise the microstructure and improve mechanical properties of these
materials. Abnormal growth of carbide grains can occur during sintering of these
fine powders. In the processing of ceramic materials, the acceleration of sintering
kinetics without the use of additives is generally achieved through hot pressing,
sinter forging or hot isostatic pressing (HIPing). HIPing can also be used to remove
closed pores after pressureless sintering. In hot pressing or sinter forging,
temperatures below 0.5 Tm may assist in minimising grain growth and maintaining
nanometr structure (final grain size less than 100 nm). Therefore, high density
nanometer structures may be achievable in components produced using these
methods of sintering and net shape forming of nanocrystalline powders [138,139].

In this work, uniaxial hot pressing is used in the processing of micro-sized and
nano-sized powders. In the pressure-assisted sintering of nancrystalline powders,
pore curvature and pressure dominate the driving force for densification [140]. The
pore curvature dominates when the grain size is about 2-3 nm and the applied
pressure has a more significant effect at large grain sizes (-100 nm). At intermediate
grain sizes (-20 nm), the effects of both variables are comparable. This implies the
presence of threshold stress which has to be overcome before the densification rate

can be increased. This threshold stress is inversely related to grain size [140]. Other
factors such as powder morphology, temperature, consolidated state of the
specimen, applied pressure and the method of its application can also affect the
sintering behaviour of the material [140].
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T h e free energy of nanocrystalline materials is higher than the free energy of the
equilibrium state, the single crystal [119]. The excess free energy is proportional to
the specific grain boundary area and it increases as the grain size decreases. At very
small grain size, it can be compared with that of the metallic glass. The difference
between nanocrystalline materials and glasses is that glasses are metastable with
respect to crystallisation, whereas n-materials are in general unstable with respect to
the approach to equilibrium by grain growth [119]. As a result, pure nanocrystalline
substances undergo grain growth at temperatures, which are a small fraction of their
melting temperatures [141,142]. Stabilisation of the grain size of nanostructured
materials is, therefore, required to reduce grain growth. Grain growth studies have
indicated a possible link between the growth mechanism and the material's purity,
density and preparation methods [142,143].

2.3.4.1 Stabilization against grain growth

The grain growth observed during sintering of nanocrystalline ceramics and at low

temperatures in nanocrystalline metals indicates that grain stabilisation is relevant at
both elevated sintering temperatures and lower application temperatures [119]. Many
approaches have been proposed for the stabilisation of grain size of nanocrystalline
ceramics. Most of these aim at slowing down growth by reducing the grain boundary
free energy or by achieving truly metastable state [118]. They include the use of pores
and inclusions of a second phase as pinning sites for grain boundaries during sintering

[136,144] and the use of high pressure (hot isostatic pressing, explosive consolidation)
and deformation (sinter-forging) [145]. One of the essential requirements for grain
50

growth during the second stage of sintering, where most of the material densification
takes place, is a dense homogeneous green body, free of large pores. Smaller pores

require less time to close than large pores and they act more efficiently as pinning s
for grain boundaries. Experimental results have confirmed this theoretical prediction
nanocrystalline ceramics [137]. Obtaining the optimum green microstructure requires
minimising agglomeration of particles during processing [119]. Induction of repulsive
interactions on the surfaces of particles is an efficient method for reducing
agglomeration [146].

2.3.5 Mechanical Properties of Nanocrystalline Materials

Nanocrystalline materials are of interest due to the belief that their fine grains
and high density of interfaces can lead to considerable improvements in properties
over conventional coarse-grained materials [121]. Measurements in consolidated

nanocrystalline materials indicate that they have high values of strength, coefficient
of thermal expansion, heat capacities and ductility than conventional materials
[118]. However, most of these novel properties are found to be very highly sensitive
to the sample preparation procedures [147-149]. The mechanical properties of
nanocrystalline materials have been intensively studied in recent years including
pure elements [34], single-phase system and multiphase system [151-154].

2.3.5.1 Hardness

In conventional polycrystalline materials, hardness increases with the decrease in
grain size, following the well known empirical Hall-Petch relationship [155,156]:
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H=Ho + Kd'V2

(2.D

Where, H is the hardness, d is the grain diameter, and H0 and K are constants. HallPetch model treats grain boundaries as barriers to dislocation motion in coarsegrained materials with high dislocation density. In nanocrystalline materials, there
are more grain boundaries than in coarse-grained materials, which are effective
dislocation barriers, making nanocrystalline materials harder. However, both
softening and hardening effects have been detected in the hardness measurements of
nanocrystalline materials. Several attempts have been made to interpret the
experimental results on the variation of hardness with grain size in nanocrystalline
materials. They include the grain boundary sliding [157,158], contribution of triple
junctions [159], creep by grain boundaries [160], phase transformations [161], grain
size dependent dislocation line tension [162], suppression of dislocation pileups
[163], dislocation motion through multiple grains [164], grain size dependent
microstructure [165], diffusion creep along triple lines [166] and composite models
[166-170]. None of these models can yet provide a satisfactory explanation of all the
observed results.

The hardness of nanocrystalline hardmetals has been shown to increase with a
decrease in carbide grain size. Tungsten carbide hardmetals containing 7% Co and
0.8% VC powders with WC grain size of less than 50 nm yielded materials with an
average grain size of 250 nm and hardness greater than 2200 Hv using hot pressing
[171]. Cold isostatic pressed and sintered mechanically alloyed WC-6% Co powders
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with W C grain size of 11 n m produced materials with an average grain size of 200
nm and hardness of 1780 Hv [172]. In contrast, conventionally processed coarse
WC-6% Co powders with WC grain size of 2-3 microns produce materials with
grain size of 3-7 microns and hardness of 1400 Hv [173]. It is evident that
nanstructured WC powders can be used to improve hardness values and refine the
microstructures of hardmetals [174].

2.3.5.2 Strength

The tensile strength of nanocrystalline materials has been reported to be higher
than that of coarse-grained counterparts [118]. The difficulty in the generation and

motion of dislocations in nanocrystalline materials is believed solely responsible fo
the enhancement in the tensile strength [147]. The ductility of nanocrystalline
materials is also improved in comparison with coarse-grained materials with signs
of enhanced plastic deformation in nanocrystalline ceramics and nanocrystalline
composites [175]. The fracture properties of consolidated nanostructured composites
of WC-Co have been studied [176]. The results were different from one
investigation to another, depending on the porosity content and interfacial phases in
the materials tested.
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3.0 Experimental Procedures

3.1 Starting Materials

Three tungsten carbide (WC) powders with average sizes of 8, 2.4 and 0.7 pm
were used as received in this work. They were supplied by the company Japan New
Metals. They were over 99.8% pure and have a specific gravity of 15.6 g/cm3. The
chemical compositions of these powders are given in Table 3.1.

Table 3.1: Chemical Compositions of As-Received WC Powders
Material
Particle Size Purity
Total Carbon Free Carbon

Fe

Mo

(%)

WC-1 8pm 99^9 6.08-6.18 0^05 (L02 OXU
WC-2 2.4 pm 99.9 6.08-6.18 0.05 0.02 0.01
WC-3* 0.7 pm 99.8 6.10-6.25 0.1 0.05 0.02
contains 1% Vanadium (V)

The B2-FeAl composition containing 40 at% Al (24.5 wt% Al), used as a
matrix material, was pre-alloyed from 99.99% pure Iron (Fe) chips and 99.90%
pure Aluminum (Al) shots using arc melting. Both materials were supplied by the
company Aldrich Chemicals. To ensure proper alloying of the two materials, the
arc melting of the alloy was repeated three times under inert atmosphere of high
purity argon. After melting, the iron aluminide alloy of Fe60Al40 was annealed at
above 423 °C for 48 hours and furnace cooled to room temperature. The annealing
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treatment was intended to rid the alloy structure of excessive thermal vacancies.

Iron aluminides are known to retain thermal vacancies when heat-treated at any

temperature above 700 °C [1-4]. Chemical analysis of the alloyed iron aluminide
was carried out after annealing and the result is shown in Table 3.2.

Table 3.2: Chemical Composition of Pre-alloyed iron aluminide
Mn
Ti
Al
Fe
K
Mg
Cr
Element
Ca
Weight %

25

73.7

0.1

0.143

0.530 0.020 0.018

0.21

Mo
0.15

3.2 Milling and Mixing

Milling was used for particle size reduction of WC and Fe60Al4o materials and
mixing of Fe60Al40 matrix material with the WC particles prior to sintering.
Tungsten carbide and Fe60Al40 materials were converted to nanometer-sized
powders using a Uni-ball mill or a controlled atmosphere ring grinder. The
nanometer powders were used for producing nanostructural WC- Fe60Al40
composites. Mixing of Fe60Al40 powders and WC particles was performed only in
the Uni-ball mill.

Figure 3.1 shows a schematic diagram of the Uni-ball mill used in this work. It

was designed by Dr. A. Calka at the Australian National University in co-opera
with the company Australian Science Instruments [5]. The Uni-ball mill is

characterised by its precise control of milling energy. The control of milling
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is achieved by changing the position of magnets. Nd-Fe-B permanent magnets were

used in the design shown in Figure 3.1 to generate a high magnetic field of aroun
0.6 Tesla. Changing the magnet position allows for a range of energy modes to be
produced by the same mill assembly. Powders can be milled using impact, shear or
mixed mode of milling. In this work, a high-energy impact mode of milling was
used. The mill was loaded with 30 grams of powder with 4 stainless steel balls.
Each ball weighs 64 grams. The powder was milled continuously at room
temperature for 120 hours. The milling was carried out under an inert atmosphere
of 400 kPa of Helium (He) pressure. The rotating speed of the mill was around 100
rpm.

The other technique of high energy ring grinding, used in producing
nanostructured materials of WC and Fe60Al40, employed a pulverising mill model
LabTech LM1P. It consists of a 2000 ml chrome stainless steel bowl and 3 chrome

stainless steel rings. The pulverising mill operated at 920 rpm and a frequency of
50 Hz. In each milling run, the bowl was loaded with 50 grams of powder and the

three pulverising rings. The bowl was evacuated to 10"3 Pa and then backfilled wit
helium at a pressure of 400 kPa. A milling time of between 1 and 2 hours was used
with all powders.
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Figure 3.1: Schematic diagram of magneto ball mill.

Mixing of the Fe 60 Al 40 powders and W C particles was carried out in stainless
steel ball mills using stainless steel balls. A 72-hour milling time was used in
mixing all combinations of Fe60Al40 powders and WC particles. Proper mixing is
crucial in developing a composite with uniform microstructure. The mixing process
must have the capability of producing homogeneously distributed carbide particles
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in the matrix. Short milling times of less than 24 hours can yield microstructures
with binder pooling and residual porosity. Extended milling times of 48 to 72 hours
significantly improves the uniformity of the microstructure, minimising binder
pooling and porosity [6]. In the mixing cycle, the de-agglomeration of WCparticles happens during the early stages and the extended mixing time ensures the
homogeneous distribution of the Fe60Al40 binder between WC particles. Longer
mixing times are typically required for finer WC particles [6]. Mixing time could
be reduced by using fine Fe60Al40 powders with particle sizes comparable to those
of WC particles. Using Fe60Al40 powders with particle sizes of the range of those of
WC particles (0.7 to 8 pm) would result in a dramatically increased surface-tovolume ratio of Fe60Al40 powder and thus encourage the formation of non-wetting
alumina oxides.

The weight ratio of charge to milling media was 1:8. The effect of mill load on
the amount of residual porosity is an important consideration. Higher mill load can
impede the mixing process due to the increase in the slurry viscosity. Extended
mixing times can overcome the problems associated with high mill loads.

3.3 Sintering of Composites

Densification of Fe60Al4o-WC powders was achieved through hot pressing using
induction heating and a graphite mould. A graphite mould is filled with pre-mixed
powders of Fe60Al40 and WC and heated by a heavy electric current, applied at low
voltage through the mould, which acts as a heating element. Pressure was
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simultaneously applied along the mould axis using a hydraulic press. During the
course of this work, a hot press chamber was designed for hot pressing of powders
under vacuum or controlled atmosphere. The vacuum-tight hot pressing chamber
allowed heating of specimens to any sintering temperature below 1700 °C and

applying of pressure of up to 5 tons per square inch. Specimens could be heated at
rates from 1 °C/min to 1000 °C/min. The water-cooled chamber was 500 mm in
diameter and 500 mm in height. It was connected to a vacuum pump, a gas supply,
a vacuum gauge, a pressure gauge and a load cell. Figure 3.2 gives a schematic
representation of the hot pressing chamber. Temperature was measured using an Rtype thermocouple. The thermocouple was connected to a Eurotherm controller,
which ran the R.F. generator. The power output from the generator was dictated by
the difference between the temperature measured by the thermocouple and the set
temperature. The tip of the thermocouple was placed around 1 mm from the bottom
of the specimen being pressed. About 3 mm of the thermocouple length was

inserted in the graphite mould. The graphite mould was placed in the R.F. coil an
the whole mould was heated uniformly. This arrangement minimised differences
between the specimen temperature and the temperature measured by the
thermocouple. A load cell placed below the graphite mould measured the load
applied to the specimen.
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Figure 3.2: Schematic representation of the hot pressing system.
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Shaping of mixed powders into pre-forms was not required prior to sintering. The
process of hot pressing normally begins with materials in powder form. The right
compositions of Fe60Al40 and WC powders were heated in the graphite mould up to

the sintering temperature where they were held for the length of the sintering time.
The dwell time at the sintering temperature was dependent on the material
composition being sintered and the sintering temperature used. Before heating, the
chamber was flushed three times with high purity argon and then backfilled with

argon at just above atmospheric pressure or evacuated to 10'3 Pa for sintering under
vacuum.

Sintering of Fe60Al40-WC composites was carried out either under vacuum or
under controlled atmosphere. The flushing of the chamber with high purity argon
was intended to reduce oxygen partial pressure in the chamber to the lowest
possible level. Oxygen can react with aluminum in the binder at the sintering
temperatures and lead to the formation of non-wetting aluminium oxides. These

oxides are an obstacle in sintering especially when liquid phase is present [7]. Th
sintering of conventional WC-Co hardmetals is usually carried out in a hydrogen
atmosphere while the sintering of tungsten-titanium and more complex carbide and
carbo-nitride grades is carried out under vacuum. A hydrogen atmosphere is
advantageous for the sintering of WC and low TiC grades since it can react with the
combined or adsorbed oxygen and reduce it to water vapour, which can be carried
away without otherwise affecting the carbon composition of the sintered materials
[6]. When sintering under vacuum, retained oxygen reacts with carbon in the
carbide and is carried off as carbon monoxide (CO) or carbon dioxide (C02),
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leaving the sintered product deficient in carbon. Excess carbon black m a y be added
in this case to compensate for the loss of carbon [6]. No hydrogen atmosphere was
used in the sintering of Fe60Al40-WC composites in this work. Sintering under
vacuum or positive pressure of inert gases was used with all material combinations.
Oxygen in the sintering atmosphere was minimised through flushing the sintering
chamber with high purity argon and using positive pressure of argon or helium
during sintering or maintaining vacuum throughout the sintering cycle. The
graphite mould used in hot pressing can act as a getter for residual oxygen. Carbon
in the mould reacts with residual oxygen in the sintering atmosphere [8]. It is well
established that aluminium in FeAl compositions with high Al-content forms
continuous and fully adherent surface alumina layer. The continuous and adherent
alumina layer on the surface of FeAl intermetallic is responsible for the excellent
oxidation and carburization resistance of these materials up to 1000 °C [9]. At the
high temperatures used during sintering of WC-Fe60Al40 composites, where
Fe60Al40 exists in liquid form, further oxidation of composites is expected in the
presence of oxygen. Maintaining a low oxygen partial pressure in the sintering
atmosphere is beneficial for reducing the oxidation of Fe60Al40 binder and
decarburisation of WC.

The sintering temperatures used were all above the melting point of Fe-40 at%
Al material of around 1440 °C. Temperatures below the melting point of Fe-40 at%
Al were used only during optimisation of the sintering cycle. Specimens were
heated to 1000 °C in 3 minutes, held at 1000 °C for 2 minutes and then heated to
the sintering temperature in 3 minutes. Specimens were sintered at temperatures in
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the range from 1250 to 1550 °C. The specimens used for the evaluation of the
composite properties were all sintered at 1450-1500 °C (in the presence of the
liquid phase of Fe60Al40). The volume of liquid has significant influence on
densification, especially in systems with low solubilities [10]. Sintering times
varied from 3 minutes to 30 minutes. The specimens were furnace cooled to room
temperature before they were removed.

3.4 Density measurement

Density measurements were made by the conventional method of weighing the
specimen in air and in water. The correction factor for open porosity in the
specimens was obtained by subsequently weighing the wet specimens in air. The
formulae used for density measurements and the calculation of the volume fraction
of open porosity are given below.

W

lP

True Density -

—

(3.1)

W -W
Volume Fraction of Open Porosity =—j-——L

(3.2)

W3-W2

Where, Wh is the specimen weight in air, W2, is the specimen weight in water, W3,
is the wet specimen weight after it had its surface moisture removed with a damp
cloth and p, is the density of water at the temperature of measurement.
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3.5 Material Characterisation Techniques

3.5.1 X - R a y Diffraction Analyses

X-ray diffraction (XRD) was used in the present work to identify the phases
present in starting and sintered materials and to estimate the grain size of milled
powders. Phases in the investigated materials were identified by comparing their
diffraction peak positions and relative intensity ratios with those of materials
published in JCPDS-ICDD data [11].

X-ray diffraction analyses were undertaken using a computerised Phillips
diffractometer model 1020. It comprises quartz monochrometer to provide Cu Kai
radiation with wavelength (A) of 1.540562 A using an excitation potential of 40 kV
at a tube current of 25 mA. The diffractograms data were processed using the
program Traces 3.0. The program delivers a complete list of all x-ray peaks with
their intensities and the values of the inter-planar spacings (J-spacings) of the
phases present. Fine powders of the starting materials and polished surfaces of the

sintered materials were run at 0.02 °0 step and speed of 1° per minute with a 0.2° sl
on the focusing circle.

Crystallite sizes of milled powders were estimated from the broadening of x-ray
peaks. The calculations were based on Scherrer's formula [12,13]. According to
Scherrer, the average particle size (D) could be derived from the full peak width
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(F) at half m a x i m u m intensity if there were no other contributions to (F) such as
lattice strain etc:

D = -™~ (3.3)
TcosO

Where, k is a constant, X is the wavelength of incident x-ray and 6 is the angle
between incident x-ray and atomic planes of material. It is well established that
changes in the shape and width of x-ray peaks are associated with changes in

crystallite size, lattice strain and defects in the material [12,13]. Small particle si
heavy lattice strain and large number of defects result in the broadening of
diffraction peaks and the change in peak shape as well. Diffraction peaks of
materials with large particle sizes tend to have a Gaussian line shape while
diffraction peaks of materials with small particle sizes tend to have a Cauchy line
shape. In this work, milled powders had sub-micron particle sizes and, therefore,
their peak shapes were considered to be of a Cauchy shape. The strain contribution
to the line width for materials with fine particle size or particle size distribution
described [14,15] by the following equation:

r = 4ex tanO (3.4)

Where, e is the average lattice strain. In most cases, the x-ray peak broadening is
function of particle size and lattice strain.
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KA
F = -

+ 4ex tanO

(3.5)

Dcos<9

. , .. 1 2sinS
In reciprocal space,

T

K = — =
d

A,

SK= - cos08&, let r = 2£fl,
A,

k
so,
D

<5fc = — + 2e~K

(3.6)

Plotting 8K against K will produce a straight line. The average particle size can be
estimated from the intercept, and the lattice strain is determined from the slope.

The average crystallite sizes of milled powders were calculated using the
equations described above. The Program Traces 3.0 was utilised in these
calculations.

3.5.2 Optical Characterisation of materials

Sections of sintered specimens were analysed for structure and porosity using a
Leica DMRM microscope. Images were recorded on Illford black and white 35 mm
film using different filters. Images were also stored on a PC connected to the
microscope using a digital Panasonic camera and the software PhotoShop. Etching
of specimens was required for optical identification of phases in the
microstructures. Colloidal silica was found to be a suitable etchant for WC-Fe60Al40
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composite materials. In this work, Composite materials were mainly processed

from fine powders using hot pressing. Their structures contained fine WC particles
and very fine porosity, which were difficult to study with the available optical
microscope resolutions.

The preparation of specimens for cross sectional-microscopy included cutting
of specimens, mounting, grinding, polishing and etching. Cutting was performed on
a Struers Accutom-V high-speed precision cutting machine using bonded diamond

cut-off wheels operating at 3000 rpm and a cutting speed of 0.01 mm/sec. Once cut,
the specimens were mounted in Polyfast resin with carbon filler. A Buehler
Simplemet-3 hot mounting press with 30 mm mould was used in hot-mounting the
specimens at a temperature of 180 °C and a pressure of 4200 psi. Grinding and
polishing of specimens were carried out using an automatic Struers Rotopol-1
lapping machine. Reliable results were achieved using diamond grinding and
polishing according to the following procedure:
- Planar grinding using bonded diamond platen (45 pm).
- Coarse lapping using diamond suspension (15 pm).
- Coarse lapping using diamond suspension (9 pm).
Fine lapping using diamond suspension (6 pm).
- Fine lapping using diamond suspension (3 pm).

Etching of specimens was possible with the use of colloidal silica. Lapping of

specimens on colloidal silica for one to two minutes was enough to reveal the true
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structures of the materials. After etching, phases were fairly distinguishable under
the optical microscope if the starting materials were coarser then 1pm.

3.5.3 Scanning Electron Microscopy

A Cambridge Leica-440 scanning electron microscope (SEM) operating at an
accelerating voltage of 20 kV was used in examining powder and sintered material
specimens. The microscope has an Oxford ISIS energy dispersive x-ray
spectroscopic analyser (EDS) interfaced to it, which allows qualitative and semiquantitative microchemical analysis of elements to be performed. This detector has
Beryllium (Be) and ultra-thin windows and it is capable of detecting elements as
low as boron (B) in the periodic table.

Powder specimens were prepared for SEM studies by mounting on carbon tape
and coating with gold (Au) or carbon (C) to ensure conductivity. Specimens of the
sintered materials were mounted and polished according to the same procedure
used for optical microscopy without etching before they were coated with gold.
Images of powder and sintered material surfaces were obtained using secondary
and back-scattered electrons. The images were stored on a ZIP drive and printed on
a high quality printing paper using an ink jet colour printer. Semi-quantitative EDS
analyses were performed on spots and areas of the matrix materials using a live
time of 100 seconds. The analyses were performed using both the Be- and ultrathin windows on the x-ray detector.
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During the course of this work, EDS-standards of FeAl were prepared. They
were used as references in the EDS analysis of Fe60Al40 matrix materials. These
reference standards contained 10 and 30 wt% Al respectively and were made from
the same Fe and Al grades used in the processing of the starting iron aluminide

materials. The processing of the standard alloys was similar to that of the starti
Fe-40 at% Al alloy used as a matrix in the WC-Fe60Al40 composites. They were
pre-alloyed using arc melting of 99.99% pure Fe and 99.9% pure Al. A 3-gram
button of each composition was produced. The melting process was repeated 3

times to ensure proper alloying. After alloying, the materials were annealed at 43
°C for 100 hours. They were then polished down to 1pm and ultrasonically cleaned
before they were used as standards. EDS analyses of the home-made standard
materials using aluminum oxide (A1203) as a standard confirmed their
compositions of 90% Fe to 10% Al and 70% Fe to 30% Al respectively.

3.6 Properties of Sintered Materials

The properties of WC-Fe60Al40 composites processed in this work were
assessed. The results were compared to those of different grades of the
conventional WC-Co composites reported in the literature. Methods for the
preparation of specimens for these assessments and techniques used in measuring
these properties are reported in the following sections.
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3.6.1 Hardness Measurement

Vickers hardness of composites was determined on ground and polished
surfaces respectively. As-sintered and annealed specimens were used in the
measurements. Because of the relatively brittle nature of carbides, the maximum
load that can be applied in hardness testing of hardmetals and composites

containing carbide phases without fracture is limited [6]. The indentation size that
can be produced with such loads is very small to permit accurate measurement. To
overcome the indent size problem, materials were tested using both small and large
loads. Microhardness measurements were undertaken using 500 g and 1000 g loads
and 15 seconds dwell time. A Leco M-400-H1 hardness-testing machine was

utilised in the microhardness testing. Hardness testing with larger loads was carrie
out using Indentec hardness-testing machine, which could apply an indentation load
of up to 30 kg. Loads of 20 kg and higher were intended for comparison only. The
as sintered and annealed specimens were either ground using 45 pm bonded
diamond platen and then tested or polished using 15, 9, 6 and 3 pm and then tested.
Annealed specimens were heat treated at 423 °C for 20 hours while as-sintered
specimens had no heat treatments. The heat treatment was to investigate the effect
of the thermal vacancies in the binder on the hardness of composites. Heat
treatments were carried out in air using muffle furnace and heating rate of 10
°C/min. Before testing the heat-treated specimens, their surfaces were ground to
remove their surface scales. The hardness measurements were done on clean
surfaces, ground or polished.
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3.6.2 Transverse Rupture Strength

The transverse rupture strength or bend strength of sintered materials was
measured by means of a three-point bending test with a span (L) of 20 mm. An
Instron model 4302 was used to perform the tests, with a loading rate of 0.1
mm/sec. This test measures the maximum normal stress at failure of a composite
bar loaded midway between two supports. Specimens 25 mm in length, 4 mm in
width and 3 mm in height or thickness were cut from sintered blocks of material
with a diamond cut-off wheel. Their loading surfaces were polished to 3 pm in
order to have specimens free of surface cracks, which may be induced during
cutting. The transverse rupture strength (bend strength), oy, (N/mm2) was
determined from the load Pf at fracture, the specimen height h, and the specimen
width w as (19):

3LP

f
2wh2

n 7,

Strength results reported were based on testing 5 specimens of each sintered
material in the same conditions.

3.6.3 Fracture Toughness

Chevron-notched fracture toughness specimens were fabricated using the same
procedure used with specimens for strength evaluation. Specimens were 25 mm in
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length, 4 m m in width and 3 m m in height. A notch, 3 m m in diameter and 2.5 m m
in height, was machined in the centre of the chevron specimen. 3-point bending
with a span of 20 m m and cross-head speed of 0.01 mm/sec was used in loading the
samples to fracture. The fracture toughness was determined from the energy to
fracture, W, absorbed, the area A, swept out by the crack and plane strain Young's
modulus,^, as:

KQ = [(W/A) E'f2 (3.8)

Where, E = E/ (1-v2), and v is Poisson ratio. E values for the composites were
calculated using Ravichandran's equation (20) as follows:

_ {cEpEm +E2J+(l+cf -El +EpEm
(cEp+Em)(l+cf

(3 9)

'

Where, Em, is Young's modulus of the Fe60Al40 matrix material, Ep, is Young's
modulus for the W C particles, and c = (1/VP)1/S -1 with V p + V m = 1. Vp and Vm are
the volume fractions of the matrix and the particle materials, respectively.

Indentation Fractures were also used in the calculation of fracture toughness
and results were compared to those of the Chevron specimens. Indentation fractures
were obtained with a Vickers diamond indenter on polished surfaces using a 20 kg
load. The specimens were polished to 3 p m finish, and gold coated prior to
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indentation. Crack tips were clearly identifiable due to the improved reflectivity of
gold-coated specimen surfaces (Figure 3.3). Cracks produced on composites were
median cracks, and accordingly, KIC values were calculated using Anstis's
equation:

(E^1/2 " P '

Where:
E = Young's modulus of composite
P - Indentation load
P
H= Hardness, H =

—
a

a = length of one side of indentation
C0 = length from one crack tip to opposite crack tip divided by 2.

Ten indentations were made per specimen and the results were averaged. The
fracture toughness values reported were calculated by measuring the fracture
parameters, diagonals of the fracture indentations, "2a", and the length of the
fracture cracks, "&" (Figure 4.3b). The indentation marks were inspected for

symmetry and the values of "2a" were used only if the difference in the length of
their diagonals were less than 5%. Only reasonably identical crack lengths of
indentations (within 5% from average) made on one specimen were used in the
calculations.
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(a)

2C0
2a

2a

2C0

(b)

Figure 3.3: (a) Typical Indentation Fracture (b) Indentation Parameters.
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3.7 Evaluation of Abrasive W e a r Performance of Composites

A pin-on-drum wear-testing machine designed for laboratory use was utilised in
this work to evaluate the abrasive wear of composites. The two-body abrasive

wear-testing machine was chosen because it could deliver conditions of high stres

and low sliding speed with minimum variables that can easily be controlled for all
tests [21]. The wear-testing machine (Figure 3.4) was commissioned in a previous
project [21]. The pin specimen was 6 mm in diameter with allowable length of 20
to 35 mm. The rotating drum was 86 mm in diameter with length of 300 mm and
driven by a variable speed electrical motor. The specimen was moved horizontally

in relation to the rotating drum by the electrical motor through the guide screw a
shown in Figure 3.4. Load was applied to the specimen by adding weights at the
end of the arm, connected with the specimen holder, and it was determined at each
sliding speed used.

The wear path per turn of the drum (Xj) was calculated using the

circumferential length of the drum (nD) and the horizontal sliding distance of th
specimen per rotation of the drum (S) as:

Xj2 =

(TTD)2

+ (Sxl)

2

(3.11)
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Figure 3.4: Abrasive wear testing machine.

The total wear path, X, was obtained by multiplying the wear path per turn (Xj)
by number of turns (ND) as:

X = ND [(KD)2 + (Sxl) 2f5 = 270SJ8.2 (3.12)

The maximum wear path length was 6 m with accuracy of ± 10 mm.

Wear testing was carried out at laboratory conditions of temperature and

humidity. Pin specimens were used as sintered. Before wear testing was performed,

the specimens were run in on fresh abrasive paper to produce wear over the entire
end of the specimens. They were then removed, rinsed in alcohol and blown dry
with warm air before they were weighed within ±0.0001 g using an electronic
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balance. After testing, Specimens were cleaned and weighed as before the testing.
The wear rate was expressed in terms of volume loss, which was obtained from the
mass loss from the specimen. The mass loss was calculated as the difference
between the specimen weight before and after the test.

WC-10 vol% Co hardmetal with hardness of 17.65 GPa was selected as a
reference material. Mass loss of the reference material was used to obtain the

relative wear rates of the composites tested. They were expressed as the mass loss

of the test specimen to the mass loss of the reference material tested under simi
conditions.

The corrected abrasive wear value was obtained using the following equation
[22]:

f

W ,
W = —x ; \xC

(3.13)

Where,
W= wear, mm3 per meter of wear path,
Wx = mass loss of test specimen during abrasion test of N revolutions,
Sx = mass loss of reference specimen during abrasion test of TV revolutions,
p= density of test material, g.cm"3.
C = constant for a given abrasive, pin load, and reference material, mg/m.
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The specific wear rate was calculated using the following equation [23]:

*

Am

Ws=^r

(3.14)

pLFN

Where,
Ws = specific wear rate, mm /m.N,
Aw = mass loss of test specimen during abrasion test of N revolutions,
p= density of test material, g/cm ,
L - total sliding distance, m, and
FN = the normal force on the pin, N.

Wear testing was performed ten times on each specimen and the results were

averaged. For obtaining meaningful results, the coefficient variation of the ten te
was chosen to be less than 5%. Such procedure ensures an acceptable criterion of
95% reliability. Any result with coefficient variation value of higher than 5% was
discarded.

The error in the wear testing of the materials was estimated using formulae
proposed by Pollard [24]:

(3-14>

^=J-LTIK-^)2
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Where, o is the standard deviation from the arithmetic mean, m ; and

1 "
m=—Vm,

(3.15)

The coefficient variation (u) is obtained by dividing the standard deviation by
mean as;

v = ~ (3.16)
m
The reproducibility of the mass loss was examined using the standard material
of WC-10 vol% Co under the same conditions used for testing the WC-Fe60Al40
composites. Ten tests were carried out on the reference material of WC-10 vol.%

Co using a normal force of 100 N (added weights of 1.5 kg), corresponding to 3.24
MPa pressure on the wearing surface of the pin, at a sliding speed of 1.5 mm/sec

and wear path of 6m. Unused 120# grit silicon carbide paper (nominal particle si
of 120 pm; hardness 24.0 GPa; fracture toughness 2.5 MPa.m1/2) was used to
abrade the materials for each test.
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4.0 Results a n d Discussion of the Optimisation of the Sintering
Process and Microstructure of WC-re6oAI4o Composite Materials

This chapter deals with the processing and microstructural analyses of
composites containing WC particles in the micron size range (0.7-9 pm). The
processing, microstructure and properties of composites with nanometer sized
precursor materials are separately discussed in chapter 7.

4.1 Processing of WC-FeAl composites

In this work, it was found to be possible to produce dense, solid specimens of
WC-Fe60Al40 composites using the conventional techniques of liquid phase
sintering and hot pressing. The use of pressure was found to be dependent on the
volume fraction of Fe60Al40 binder material. The limit of Fe60Al40 content below
which pressure was essential for achieving high density was established under the
conditions of heating and vacuum used in this work. The technique of liquid phase
sintering of WC- Fe60Al40 composites was selected because of its simplicity, cost
effectiveness, and because it is the most studied technique in the production of
conventional hardmetals. Hot pressing was used with composites containing high
volume fractions of the carbide phase, where the production of pore-free
composites was no longer possible by pressureless liquid phase sintering.
Composites included compositions with potential cutting and wear applications
containing WC-volume fractions of between 28% and 78% (50% to 90% in
weight). The production of composites with such WC-volume fractions and
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m i n i m u m porosity levels was required for the assessment of these materials
properties in comparison to those of the conventional hardmetals.

4.1.1 Optimisation of the Sintering Process

The optimisation of the sintering process of WC-FeAl composites was achieved
using a composition with WC-volume fraction of 78% (-90% in weight). A
sintering temperature that would produce composites with high densities without
excessive WC grain growth was selected based on the conditions used in this work.
They included the heating of green compacts of WC- Fe60Al40 powders with

densities of 50% theoretical density (T.D.) to the designated sintering temperatur
and holding at that temperature for 30 minutes. The WC and FeAl powders had
grain sizes of 8 and 45 pm respectively. A sintering temperature of between 1450
and 1500 °C was found to be suitable for complete melting of the binder and the
production of dense materials, and when combined with short sintering times,
would lead to minimum grain growth of the carbide phase, as shown in the next
section. The choice of sintering temperature was found to be dependent on the
sintering time used. Excessive grain growth of the carbide phase was avoided in
this work by using short sintering times and/or lower sintering temperatures.

Most of the densification of WC- 22% Fe60Al40 composites was found to
take place before the melting of the binder. The composites undergo no significant

densification after the formation of liquid. Solid state sintering was established
be the major process in the sintering of WC- 22% Fe60Al40 composites. Materials
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sintered at temperatures below the melting temperature of Fe 60 Al 40 binder showed

similar densities to those sintered at temperatures above the melting temperature of
Fe60Al40 binder. For example, the final density of a compact held at 1350 °C for 30
minutes was 70% T.D.. The same material had a density of 75% T.D. when the
hold temperature was raised to 1500 °C keeping the same hold time of 30 minutes
(Figure 4.1). The temperature of 1350 °C is lower than the melting temperature of
Fe60Al40 alloy of 1420 °C and the temperature of 1500 °C is well above it. The
increase of density in WC-22% Fe60Al40 composites with the increase in sintering
temperature above the melting temperature of Fe60Al40 binder was insignificant.

The densification behaviour of WC-Fe60Al40 before the melting of the binder
material is similar to that of conventional hardmetals. In the conventional WC-Co
system, more than 50% of densification takes place before the formation of liquid
phase i.e. before the eutectic temperature is reached [1]. After the formation of
liquid the WC-Co hardmetal achieves full density even at as low volume fraction of
Co-binder as 3%. In contrast to that, WC-22% Fe60Al40 system does not density
further with the melting of the binder material. A number of reasons are believed to
cause such densification behaviour of WC-22% Fe60Al40 composites at
temperatures above the melting point of the binder material. They include the nonwetting nature of the alumina scale on the binder surface, the low amount of liquid

phase at the sintering temperatures and/or the solubility level of the carbide phase
in the matrix material. The relationship between the volume shrinkage of the
compact and the sintering temperature is presented in Figure 4.2.
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The shrinkage values were measured using the compact dimensions before and
after sintering. The graph shows a sharp increase in shrinkage with increasing
temperature up to 1450 °C and then a plateau at higher temperatures. Differential
thermogravimetric analysis ( D T A ) of the Fe 60 Al 40 binder revealed a peak at around
1400 °C, as shown in Figure 4.3. The onset-temperature of the reaction is 1350 °C
and the end temperature of the reaction is around 1430 °C.

HEAT FLOW
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°

Figure 4.3: D T A / T G graphs of Fe6oAl4o sample heated at a rate of 10 °C/min to
1500 °C under Argon.

This reaction temperature corresponds to the melting temperature of Fe60Al40
binder. According to the Fe-Al phase diagram, pure Fe 60 Al 40 melts at around 1420
°C. Since the D T A graph of the Fe 60 Al 40 binder has shown no other peaks, it could
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be stated that the shrinkage of the composite before the formation of liquid was
related only to the solid state sintering process. After the formation of liquid,
shrinkage was due to the melting of the binder and the re-packing of the carbide
particles under capillary forces from the wetting Fe60Al40 binder.

Increasing the sintering times of composites with 22 vol% Fe60Al40 beyond 30

minutes resulted in no significant gains in density. Increasing the binder content o
Fe60Al40 in the composites increased the composite density up to full density.
Figure 4.4 shows the change in final density with the increase in sintering times

and Figure 4.5 shows the change in final density with the increase in binder-content
of the composites. Figure 4.5 establishes the upper limit of WC volume fraction in
WC- Fe60Al40 composites above which porosity is retained in the composite
microstructure when it is sintered without pressure at temperatures between 1450
and 1600 °C to be 31%. Any higher volume fraction of WC in the composite would
require pressure to rid the microstructure of retained porosity.

Almost all wear applications require composites with higher volume fractions of
the WC hard phase than 31%. Composites containing 69% Fe60Al40 or higher
possess hardness values too low for wear applications. The elimination of porosity
could not be achieved without pressure in the processing of WC-Fe60Al40
composites containing less volume fraction of binder.
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4.1.2 Microstructure of Composites

Sintered WC-Fe60Al40 materials have microstructures typical of those of sintered
hardmetals. WC particles in the microstructure appear embedded in a continuous
FeAl matrix. Examples of these microstructures are shown in Figure 4.6. These
optical micrographs include the three WC-Fe60Al40 materials processed in this
work. They have approximately the same FeAl grain size and different WC grain
sizes of 9, 2.4 and 0.7 pm respectively. The phases in the composite with 0.7 pm
WC grains were not very distinguishable under the optical microscope. Scanning

electron microscope revealed better resolutions of the microstructures, as shown in
Figure 4.7.
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The porosity and the pore size were dependent on composition and the sintering
cycle. Composites with fine carbide grains and sintered using pressure had very
low levels of fine pores in their microstructures. Larger pores were evident in
composites with coarser carbide particles. Large shrinkage cracks were observed in
composites containing high volume fractions of Fe60Al40 binder and sintered
without pressure. Figure 4.8 shows an SEM image of WC-63% Fe60Al40 sintered
without pressure; where the shrinkage cracks can be clearly seen. All WC-Fe60Al40
composites sintered using pressure exhibited less than 1% porosity.
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Figure 4.8: S E M Photograph of W C - 6 0 % FeeoaLjo composite showing
shrinkage cracks.
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M i n i m u m growth of the carbide phase was observed in all composites. The use
of short sintering time has reduced growth of WC-phase. The sizes of WC grains in
the sintered composites were comparable to those of the starting sizes, as can be
seen in Figures 4.6 and 4.7. Large black regions were observed in the
microstructure of the material containing WC grains with the size of 0.7 pm
(Figure 4.7c). These regions have a characteristic shape of islands and are clearly
observed in materials with the sub-micron WC grains. They are even clearer in
materials with nanometer precursor WC particles, as discussed in Chapter 7. Semiquantitative EDS analyses of these regions could not reveal consistent
compositions. The composition changed with the changes in position of analysis
spot. However, EDS results indicated that compositions are similar to that of the
binder material with different ratios of Fe and Al and the dissolved C and W
elements.

It is well established in the processing of conventional hardmetals that "islands"
of Co in the sintered product result from uneven distributions of the Co-binder [2].
Uneven distributions of the Fe60Al40 binder in the composite were expected in these
composites as a result of inappropriate mixing of the precursor powders of WC and
Fe60Al40, which have significantly different grain sizes (0.7 and 45 pm
respectively). The large difference in grain size between the WC and Fe60Al40
powders made the mixing of these powders difficult to achieve by ball milling.
Segregation of powders and agglomeration of Fe60Al40 particles are expected
results in this case [3]. The Fe60Al40 agglomerates are believed to have solidified
from melt forming large regions at the sintering temperature. These regions of
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binder would wear out more than the harder WC-phase during polishing resulting
in height differences between the two phases. Under microscopic examination AlFe
appears as holes in the microstructure (Figure 4.9).
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Figure 4.9: Agglomeration of FeeoAUo particles in the microstructure of
W C - 4 0 % FeeoALw with WC-particle size of 0.7 pm.
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This explanation of the appearance of these regions is further supported by the
EDS results of the binder composition of composites with larger WC grain sizes of
2.4 and 9 pm, sintered under identical conditions to those used with the 0.7 pm
composite, and is presented in the next sections.

X-ray diffraction (XRD) studies of WC- Fe60Al40 materials showed no evidence
of new phases developed during sintering. Only WC and Fe60Al40 phases were
detected in XRD patterns of the sintered materials. Comparisons of XRD patterns
of the sintered materials and those of the blend of precursor powders of WC and
Fe60Al40 materials have shown no signs of new peaks developed after sintering.
Figure 4.10 shows XRD patterns of WC and Fe60Al40 materials before and after
sintering. The only new XRD peaks observed after sintering were at low angles,
clearly seen in the XRD pattern of the composite with 2.4 pm WC grain size. These
peaks are associated with the superlattice reflections of Fe60Al40 binder, which

disappear after relatively short periods of milling and reappear after annealing at
temperatures above 600 °C [4].

The Fe60Al40 matrix material showed very little solubility for W. Semiquantitative analyses of matrix materials of the three composites, using EDS SEM,
revealed less than 1 at% W in their compositions. The elements tungsten and
Molybdenum (Mo) are known to have no significant solubility in FeAlintermetallics [5]. Around 9 at% C was detected in the compositions of these
matrices. The Fe/Al ratio in matrix materials of hot pressed composites was very
close to the starting ratio of 60/40. No loss of Al from the matrix-material was

107

observed when WC-Fe, 60 Al 40 composites were vacuum-sintered at 1500 °C for up
to 30 minutes. Significant Al-loss from the Fe60Al40 matrix in TiB2-Fe60Al40

composites has been reported in the literature [6], for composites sintered at 1450
°C under vacuum of 10" Pa for 240 minutes. Evaporation of Al was suggested as a
major factor in Al-loss.

Table 4.1 shows Fe/Al ratios in the Fe60Al40 matrix of WC-60% Fe60Al40
composite sintered at 1500 °C for 30 minutes, as determined by EDS SEM. Figure
4.11 shows EDS spectrum of the Fe60Al40 matrix material of this composite. All
other composites have shown similar results to those shown in Table 4.1 and Figure
6.10.
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W C - 4 0 vol% Fe 60 AUo - W C : 9 microns
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Table 4.1: Fe/Al ratios of Fe60Al40 matrix in W C - 6 0 % Fe60Al40 Composite

Analysis Area

Atomic % Fe

Atomic % Al

Spotl

59.7

40.3

Spot 2

59.9

40.1

Spot 3

59

41

0

2

4

6

Figure 4.11: E D S spectrum of the binder material of W C - 6 0 % Fe6oAl40
composite.
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5.0 Results a n d Discussion of Properties of W C - F e 6 0 A l 4 0 Composite
Materials

5.1 Hardness of WC-Fe60Al40 composites

The hardness of WC-Fe60Al40 was found to depend primarily on Fe60Al40-binder
content and average WC grain size. Hardness increased with decrease in Fe60Al40binder content and decreased with increase in average WC grain size. Figure 5.1
shows the change in hardness values of WC-Fe60Al40 composites, with an average
WC particle size of 9 pm, as a function in the volume fraction of Fe60Al40 binder.
Figure 5.2 shows the change in hardness values with the change in the average
grain size of WC-particle size in WC-40 vol.% Fe60Al40 composites. These
composites were all sintered under identical conditions and their densities were

better than 99% T.D.. In conventional cemented carbides it is well established that
hardness varies strongly with microstructure [1-4]. The important microstructure

parameters include the volume fraction of the constituent phases, carbide grain size
degree of contiguity and mean free path in binder. WC-Fe60Al40 composites showed
a similar dependence on microstructure parameters as shown in Figures 5.1 and 5.2.

Over binder volume fractions ranging from 20% to 75%, the hardness of WCFe60Al40 composites was found to follow Gurland's model [5] for the dependence

of hardness on the properties of the individual constituents. This is expressed as:
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Volume Fraction of WC-Phase
Figure 5.1: Change of hardness with the binder content of W C Fe6oAl4o composites with W C grain size of 9 pm.

W C grain size (microns)
Figure 5.2: Change of hardness with change of W C grain size in
composites containing 40 vol.% Fe6oAl4o.
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H = Hb(l-CVw) + H w CV

(5.1)

Where, H, H b and H w are respectively the hardnesses of the composite, binder
and WC phase, and Vw is the volume fraction of WC phase. C is the contiguity
factor. For each composition of WC-FeAl with specific WC grain size, the
hardness of the composite could be predicted using the above general rule of
mixture. For instance, the predictable hardness of the material with average WC
grain size of 9 pm was found to be within 10% of the measured value. The two
other materials with average WC grain sizes of 2.4 pm and 0.7 pm showed similar
behaviors with respect to the change of hardness with change of binder content.

5.2 Strength of WC-Fe60Al40 composites

The WC-Fe60Al40 composites processed in this work were found to possess low
values of bend strength as compared to conventional hardmetals. Tthree-point bend
strengths at room temperature of composites containing 60 vol.% of WC hard
phase were in the range of 900-1200 MPa. Table 5.1 gives the average strength
values of materials tested. The highest strength value was obtained from the
composite with average WC-grain size of 2.4 pm.
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Table 5.1: Transverse strength values of W C - 4 0 vol.% Fe 60 Al 40 composites

3-Pt Bend Strength (MPa)

Material
W C - 4 0 vol.% Fe 60 Al 40

900

WC: 9 pm
W C - 4 0 vol.% Fe 60 Al 40

1200

W C : 2.4 p m
W C - 4 0 vol.% Fe 60 Al 40

1000

W C : 0.7 p m

It is well k n o w n that the strength test gives an indication of the defect structure
rather than intrinsic material property and that appropriate processing of the
composites can improve results and eliminate their scatter [6,7]. The materials

tested in this work were as processed. Factors such as surface condition, pore size
pore size distribution, grain size and microstructure homogeneity can greatly
influence results of the strength test. None of these factors was optimised in any

these composites in order to improve their strength values. Large microscopic pores
were observed in the microstructure of composite with WC grain size of 9 pm
(Figure 5.3), which had the lowest strength value of 900 MPa. For this sample,

pores are believed to have been the critical defects in lowering the strength of t
material.
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Figure 5.3: Large microscopic pore in the microstructure of W C - 4 0 vol.%
FeeoAUo composite with W C grain size of 9pm.
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The composite with fine 0.7 p m W C particles was expected to exhibit the
highest strength. However, the inhomogeneous microstructure of this material, as a
result of inappropriate blending of precursor WC and FeAl powders, may have
significantly contributed to its low strength value of 1000 MPa. Figure 5.4 shows
the microstructure of this composite where large segregated regions of binder can
be clearly seen. The composite with WC grain size of 2.4 pm had the most
homogeneous microstructure among the materials processed in this work (Chapter
4). Pores in this material's microstructure were fine and more evenly distributed
than in the other materials. The good homogeneity of the microstructure was
believed to be behind the improvement in strength of this material over the other
two materials.

The fracture surfaces of the three composites have all showed signs of grainmatrix separation (de-bonding). Grain-matrix separation may indicate a limited

interfacial strength, which in turn may lower the flexural strength. Figure 5.5 sho
an example of these fracture surfaces for the material with 9 pm sized WCparticles.
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20 p.

Figure 5.4: Microstructure of W C - 4 0 vol.% FeeoAUo composite showing
large segregated regions of the FeeoAUo binder.

Figure 5.5: Fracture surfaces of W C - 4 0 vol.% FeeoAUo composite with 9 p m
sized WC-particles.
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5.3 Fracture Toughness of W C - F e 6 0 A l 4 0 composites

The plane strain fracture toughness of the high density WC-Fe60Al40 composites,
processed in this work using hot pressing, was primarily dependent on the volume

fraction of FeAl binder for a given particle size of WC phase. As the porosities o
these composites were very low (the porosities in all composites used for the
assessment of the fracture toughness was less than 1%) the fracture toughness
increased with the increase in the volume fraction of Fe60Al40-binder, as shown in
Figure 5.6. Retained porosity reduces fracture toughness through a reduction of
energy absorption per unit area of crack advance [8]. The fracture toughness of
polycrystalline Fe-40at% Al alloy without WC particles is about 50 MPa.m1/2 [9]
and that of WC-phase is estimated at around 6 Mpa.m1/2 [10]. The increase in the
binder content of WC-Fe60Al40 composites would therefore be expected to lead to
an increase in the fracture toughness of the composites. From the graph in Figure

5.6, the fracture toughness of composites would reach the lower limit equivalent t
the WC/WC interface toughness (6-7 MPa.mI/2) as the binder content drops below
5%, and would continuously increase with increase in Fe60Al40-binder content.

In general, WC-Fe60Al40 composites with WC grain sizes of 9, 2.4 and 0.7 pm
have shown high fracture toughness values when determined using 3-point bend
specimens. For instance, the fracture toughness (KIC) value for WC-40 at% Fe60Al40
composites with WC grain sizes of 9, 2.4 and 0.7 pm was around 21 MPa.m1/2.
This value for fracture toughness of WC-40 vol.% Fe60Al40 is comparable to the
fracture toughness of the conventional material of WC-40 vol.% Co, which is

119

around 25 M p a . m.1/2 [11]. The fracture toughness values at a given hardness level of
any of the W C - F e A l composites were found to be equivalent to those of similar
grades of the conventional WC-Co system.
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Fracture toughness of WC-Fe 6 oAl 4 0 composites as a function of

Fe6oALjo binder content.

Examination of fracture surfaces of WC-Fe 6 0 Al 4 0 composites using S E M
revealed signs of ductile deformation, which may be partially responsible for the
relatively high values of fracture toughness exhibited by these composites. Figure
5.7 shows the fracture surface of WC-40 vol.% Fe60Al40 composites. The fracture
surface has the following features:
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Figure 5.7: Fracture surface of W C - 4 0 vol.% Fe6oAl4o composites with 9 p m WC-Particles.
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•

Very thin regions of Fe 6 0 Al 4 0 matrix between the WC-particles with

thicknesses in the order of much less than 1 pm,
• Signs of grain-matrix separation (GMS) or debonding, and
• Combinations of transgranular cleavage (7U) and ductile failure in
FeAl matrix (MF).

The grain-matrix separation becomes more evident at higher magnifications. The
separation in some regions is in the order of the particles width (particle X in

Figure 5.8) but mostly it is only for a fraction of the particle diameter (Figure 5.8
Figures 5.9 and 5.10 indicate a significant proportion of plastic deformation and
trans-granular cleavage in Fe60Al40 matrix (shown by the arrows in Figures 5.9 and
5.10 respectively).

In a liquid phase sintered material, a great quantity of cleavage, and matrix
failure are typically associated with improved ductility, strength and toughness.
Low WC-WC contact is desirable as it reduces the grain-grain separation leading to
higher toughness. This is true for ductile metal binders such as Co, Ni and Fe,
where the matrix material provides toughness to the composite. However,
monolithic FeAl has low values of ductility and fracture toughness, which have
been attributed to environmental embrittlement [12]. The mode of failure of FeAl

intermetallic is sensitive to the testing environment and microstructure. It exhibits

transgranular fracture when tested in air and intergranular fracture when tested in a
moisture-free atmosphere such as dry oxygen, suggesting that grain boundaries are
less susceptible to environmental emrittlement than cleavage planes [13]. Ductile
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failure is generally associated with FeAl regions less than 2 p m across and
transgranular failure with regions larger than 2 pm [14,15].
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Figure 5.8: Fracture Surface of W C - 4 0 vol.% Fe60A140 showing grain-matrix
sena ration.

Figure 5.9: Plastic deformation of FeeoALw matrix in W C - 4 0 vol.% Fe 60 Al 40
composite.
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Figure 5.10: Signs of cleavage of FeeoALto matrix in W C - 4 0 vol.% FeeoALjo
composite.
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The relationship between the region size and ductile failure of FeAl matrix
material has been observed in the hot pressed specimens of WC-FeAl composites
processed in this work. Schneibel et al. [8], in explaining the high toughness of
WC-FeAl composites, suggested that FeAl intermetallic fractures differently in
composites than in monolithic form. In composites, FeAl exist in thin ductile
regions, termed ligaments by Schneibel, which inhibit the characteristic grain
boundary failure of monolithic FeAl. The ligament width is much smaller than the
grain size of FeAl and therefore does not contain grain boundaries. It fails as a
single crystal. The small size of the thin ligaments is associated with short
dislocation pile-up lengths and low stress concentrations, which result in gains in
the composite ductility. The ligament thickness within the FeAl matrix of the hot
pressed WC-FeAl composites is much less than the required 2 pm limit for ductile
failure of the Fe60Al40 binder, as shown in Figures 5.8, 5.9 and 5.10. The
observations also confirm that Fe-40 at% Al intermetallic in composite behaves
differently from the monolithic form. However, in addition to the ductility
contribution of the FeAl matrix to the fracture toughness of the composite, the high
fracture toughness exhibited by the hot pressed WC-FeAl composites may be in
part due to the high density of these composites and low solid-solid WC contact.
Low solid-solid contact of WC particles in the composites was observed in all
composites (Figure 5.7).

Fracture toughness of WC-Fe60Al40 composites has not shown significant change
with the change of WC grain size in composites containing the same volume
fraction of binder. The effect of binder content on fracture toughness of composites
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was more pronounced. The change of hardness values of composites with the
decrease in WC grain size was not associated with any change in fracture

toughness. Reducing WC grain size from 9 pm to 0.7 pm in composites contain

40 vol.% Fe60Al40 binder has resulted in an increase of over 31% in hardness.
same change in WC grain size has not resulted in any significant change in

toughness of the composites. Table 5.2 shows the fracture toughness results

40 vol.% Fe60Al40 composites with WC grain size of 0.7 pm and 9 pm respective

Table 5.2: Change of fracture toughness of W C - 4 0 vol% Fe60Al40 composites
___^
with change of W C grain size.

Material

Fracture Toughness, MPa.m 1/2
(3-Pt Bend)

W C - 4 0 % Fe60Al40
21

W C : 0.7 p m
W C - 4 0 % Fe60Al40

21

W C : 2.4 p m
W C - 4 0 % Fe60Al40

20

WC: 9 pm
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The indentation fracture toughness (KIC) results of W C - F e 6 0 A l 4 0

were

significantly lower than those determined using 3-point bending test. The
calculations were based on indentation fractures obtained with a Vickers diamond
indenter on polished surfaces using a 20 kg load. The specimens were as processed
without any annealing to remove the effects of residual stresses. Indentation
fracture toughness of WC-Fe60Al40 composites were found to approach a value
equivalent to the WC/WC interface toughness (6-7 MPa.m1/2) as the binder content
went below 40 vol.% and to increase with increase in binder content. Figure 5.11
shows indentation fracture toughness versus binder content. The effect of testing
method on fracture toughness estimate was made clear by the significant
differences between the results of Chevron-notched specimens and those of the
indentation specimens. Similar differences have been reported in the literature for
WC-10% Co hardmetal [16]. The methods of V-notched beam and flexure testing
were found to be more reliable than indentation fracture testing. The choice of a
reliable test method was based on comparison of the results from each test and
estimations of critical flaw sizes in the specimens tested. The indentation fracture
toughness results in this work were too low for the composition and density of the
composites tested. The results from the notched specimens appear to be in more
agreement with published data [8].
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6.0 Evaluation of Abrasive W e a r of W C - F e 6 o A l 4 o Composite Materials

Wear results and discussion reported in this chapter are concerned with WC-40
vol.% Fe60Al40 composite materials with WC/Fe60Al40 volume ratio of 60/40 and
WC grain sizes of 9, 2.4 and 0.7 pm

6.1 W e a r Rate

The reproducibility of wear-test results was found to be within the variation
limit set in this work of 5%. The mass loss of ten repeated tests of the WC-10
vol.% Co reference material had a standard deviation of 0.055 and coefficient

variation of 2.7%, indicating that the pin-on-drum wear-testing machine could b
used reliably. Figure 6.1 shows the mass loss from these tests.
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Figure 6.1: Mass loss from repeated tests of W C - 1 0 vol.% C o hardmetal.
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Tungsten carbide-40 vol.% Fe 60 Al 40 composites were found to have wear-rates
comparable to those of the WC-10 vol.% Co reference material. Table 6.1 shows
wear rates of WC-40 vol.% Fe60Al40 and WC-10 vol.% Co reference material.
Unsurprisingly, the harder composites showed greater wear resistance. WC-40
vol.% Fe60Al40 composites and WC-10 vol.% Co hardmetal were all tested under
identical conditions. The wear resistance of WC-40 vol.% Fe60Al40 composites
increased with increase in composite hardness, which was associated with the
decrease in WC-grain size in the composite. The hardest composite in the group of
materials tested, WC-40 vol.% Fe60Al40 with WC particle size of 0.7 pm, had the
lowest wear rate. The wear rate of WC-40 vol.% Fe60Al40 composite with an
average WC grain size of 2.4 pm was equal to that of WC-10 vol.% Co. These two
materials have similar WC grain sizes and comparable hardness values (Table 6.2).
WC-40% Fe60Al40 composites with WC-particle size of 0.7 pm had a wear rate
15% lower than that of the reference material while WC-40 vol.% Fe60Al40
composite with the coarser WC grain size of 9 pm had a wear rate about 8% higher
than that of WC-10 vol.% Co reference material.
It was evident, from the above results, that the rate of abrasion of WC-FeAl is
proportional to hardness and shows a reverse dependence of abrasion wear on grain
size of the hard phase exists. Composites with coarser WC grains had lower
abrasion resistance. However, there is no one function that could be found to
describe the dependence of abrasive wear on the material properties. Hardness,
grain size and binder content can't be treated as independent variables [1]. The
composite hardness is determined by the mean free-path of dislocations in the
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binder phase. The mean free path is proportional to the binder content and the
average grain size.

Table 6.1: Wear rate of W C - 4 0 % Fe60Al4o composites as compared to W C 1 0 % Co.
Material

Path Length Average Wear Corrected wear
(m)
(mg/m)
(mg)

Coefficient of
Variation (%)

WC-10%Co
(Reference)

6

20.4

3.400

2.68

WC-40% FeAl
(WC: 9 pm)

6

23.5

3.917

3.62

WC-40% FeAl
(WC: 2.4 pm)

6

20.5

3.417

3.81

WC-40% FeAl
(WC: 0.7 pm)

6

18.8

3.133

4.27

Table 6.2: Change in wear rate of W C - 4 0 % Fe60Al40 composites with change
in hardness
Density
(% Theoretical)

Hardness
(GPa)

Specific wear rate
(xlO"3mm3/N.m)

WC-40 %Fe60Al40
(WC: 9 pm)

91%

14.71

3.144

WC-40 % Fe60Al40
(WC: 9 pm)

> 99%

15.69

2.888

WC-40 % Fe60Al40
(WC: 2.4 pm)

> 99%

18.63

2.519

WC-40 % Fe60Al40
(WC: 0.7 pm)

> 99%

20.59

2.311

Material
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6.2

Effect of Matrix Material on W e a r Rate

The influence of the binder material in WC-FeAl composites on their wear rates
becomes obvious when they are compared the wear rates of WC-Co hardmetal. The
two materials of WC-Co hardmetal and WC-Fe60Al40 composite with similar WC

grain size and density show similar wear rates despite having significantly differe
volume fractions of binder. WC-40% Fe60Al4o with WC particle size of 2.4 pm had
similar density (> 99% T.D.), WC grain size and wear rate of 2.4 mg/m to those of
WC-10 vol.% Co hardmetal. However, WC-40 vol.% Fe60Al40 composite contained
about 33% less volume fraction of WC hard phase than WC-10 vol.% Co. In
general, all the WC-Fe60Al40 composites have shown wear rates comparable to that
of the WC-Co reference material despite containing considerably lower volume
fractions of WC hard phase. The similarity between the wear rates of the two

materials, despite the difference in binder contents, can only be related to the bin

material (its nature, its reaction with the hard phase and the resultant behaviour i
abrasion). Cobalt metal and Fe60Al40 intemetallic are two different materials with
different properties. They have different wetting behaviours of WC, solubility
extents of W and C, and mechanical properties. The intermetallic alloy of Fe-40

vol.%o Al has limited tensile ductility at room temperature (-10%), higher hardness,
higher work hardening ability and lower fracture toughness than Co. These factors
must be included in any analysis of the abrasive wear behaviour of WC-Fe60Al40
composites before conclusions can be drawn. The compressive nature of loads in
wear and the higher values of the critically important properties of hardness and
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work hardening ability of Fe 60 Al 40 binder, as compared to C o metal, m a y be
primary reasons for the significant wear resistance shown by the WC-Fe60Al40
composites processed in this work.

8.3 Wear Surface

The worn surfaces of WC-40 vol.% Fe60Al40 composites appeared similar to
those of WC-10 vol.% Co hardmetal, when they were both tested under identical
conditions. Figure 6.2 shows SEM images of the worn surfaces of WC-40%
Fe60Al40 composites (WC grain sizes of 9, 2.4 and 0.7 pm) and the reference
material of WC-10 vol.% Co hardmetal. The wear surfaces showed signs of

formation of grooves and craters at the contact areas between the composite and the
abrasive particles. The abrasive grits appear to have contact with the composite
surface only in certain areas. It is well established that the abrasive grits in a

abrasive paper can have many different attack angles [2] and heights [2,3], and very

few abrasive grits carry the load at any given time of the test. Some of these grits

may be in only elastic or elastic-plastic contact with the surface [3]. As expected
the depth of the grooves increased with the decrease in the hardness of the
composite.
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Signs of gradual binder extrusion and microfracturing of carbide grains were
observed in the worn surfaces of WC-FeAl composites and WC-Co hardmetal, at
higher magnifications, along with signs of band-slipping on the surfaces of the
carbide grains (Figure 6.3). There were no signs of cracks developed on the
surfaces of WC-FeAl composites or the WC-Co hardmetal, as reported by other
investigators [4,5]. The selective binder removal from the surface layers of
composites seems to play a major role in the abrasive wear of WC-FeAl

composites. Other investigators have reported that local preferential removal of Cobinder in WC-Co system is an important step in the wear process of these materials

[5]. The current results confirm the preferential removal of binder in both material
WC-FeAl and WC-Co under abrasive wear.
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(a)

(b)
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(c)

(d)
Figure 6.3: Gradual binder extrusion and microfracturing of carbide grains in the
worn surfaces of W C - 4 0 % Fe6oALto composites with W C grain size of (a) 9 p m (b)
2.4 p m and (c) 0.7 p m and W C - C o hardmetal (d) with W C grain size of 2 pm.
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6.4 S u m m a r y of W e a r Results

The wear behaviour of W C - F e A l composites can be summarised as follows:

• The WC-40 vol.% Fe60Al40 composites and WC-10 vol.% Co with similar
hardness values and WC grain sizes showed comparable abrasive wear rates
when tested under identical conditions.
• The change in binder type and binder content of materials seems to have
little influence on wear rate as long as the materials compared have equal
hardness values. Bulk hardness of composite can be used as an efficient
indicator of the flow properties of composites under abrasive wear
conditions.
• Under the conditions of abrasive wear employed in the current investigation,
the intermetallic iron aluminide with composition 40 at% Al was found to
be a superior matrix material to Co metal, on the basis of the binder volume
fraction in the composite. Compared with WC-Co, significantly lower WC
hard phase in WC-FeAl composite was required in order to achieve the
same wear resistance. It is well established that the wear of conventional
cermets increases with the increase in binder content (1). Increasing the Cobinder content to match that of the WC-40% Fe60Al40 composites tested in
this work would have significantly reduced the wear resistance of WC-Co
hardmetal below the values reported.
• Binder extrusion appears to play a major role in the abrasive wear of WC-40
vol.% Fe60Al40 composites. The wear processes were dominated by the
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formation of grooves and craters and they included binder extrusion and
microfracturing of WC grains. Further work is needed to definitely establish
the sequence of processes in the wear of these materials.
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7.0 Results and Discussions of WC-FeAl Composites with Nanosized
Precursor Powders

7.1 Synthesis of Nanosized Precursor powders

The conversion of starting powders to nanometer size was found to be possible
using either magneto-ball milling or high-energy ring grinding techniques. Precursor
powders of tungsten carbide (WC) and iron aluminide (Fe-40 at% Al) were either
separately converted to nanometer sizes before they were blended to produce the
desired mixture or they were blended and sintered before being converted to
nanometer size. Based on X-ray diffraction (XRD) peak broadening, the crystallite size
of Fe6oAl4o powder was successfully reduced to less than 100 nm after milling for 120
hours in a magneto-ball mill under impact. A similar result was obtained after 1 hour
of high-energy ring grinding in a helium (He) atmosphere. This result is consistent
with the much higher rate of energy transfer from ring grinder in comparison to
magneto-milling. Figure 7.1 shows XRD traces of the starting and milled Fe6oAl4o
powders using the magneto-ball mill and the ring grinder. The results confirm that ascast FeAl ingot was of B2 crystal structure, and extended milling or grinding results in
the formation of nanostructural material. Reduction of grain size of the starting
tungsten carbide powder to less than 100 nm was achieved by continuous milling in
the magneto-ball mill for 160 hours in impact mode or ring grinding for 1 hr. Figure
7.2 shows XRD traces of WC-powders before and after conversion.
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Figure 7.1a: X R D results of B2-Fe-40 at% Al alloy; (a) chill cast ingot
(b) magneto-milled powder for 160 hours under impact.
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Figure 7.1b: X R D Results of B2-Fe-40 at% Al alloy; (a) chill cast ingot (b)
ring ground powder for lhour.
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The conversion of a sintered mixture of W C - 4 0 vol.% FeeoAUo to nanometer size
using the magneto-mill required 240 hours of continuous milling. This mixture was
blended for 72 hours and then sintered at 1420 °C for 15 minutes prior to milling. The
sintering treatment of the mixture appears to have increased material's resistance to
milling. The lengthy milling time required to reduce the material to nanometer size
indicates that sintering of WC and Fe6oAl4o powders before milling may have resulted
in significant bonding between the two phases leading to a tougher mixture. Figure 7.3
shows XRD results obtained from this material after 120 hours of magneto-milling
compared to results from the starting material. Broadening of X-ray peaks of WC and
Fe6oAl4o phases was evident after 120 hours of milling. Increasing the milling time to
240 hours led to further broadening of peaks, as shown in Figure 7.4. The X-ray peaks
of WC phase showed considerable broadening while those associated with Fe6oAl4o
phase totally disappeared after 240 hours of milling.

Examination by SEM of the milled powders showed that the materials had grain
sizes in the nanometer range, as estimated by x-ray peak broadening. The powders
were observed to form larger semi-spherical agglomerates of smaller particles. Figure
7.5 shows SEM images of nanosized powders of Fe6oAl40, WC and WC-40 Vol.%
Fe6oAl40 materials and Figure 7.6 show separated agglomerates of these powders.
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Figure 7.5: S E M images of nanometer powders (a) Fe-40 at% Al
(b) W C (c) WC-40 vol.% Fe6oAl4o.

149

Figure 7.6: Microstructure of 60 vol.% W C - 4 0 vol.% FeeoAlw mixture
of powders with semi-spherical agglomerates of particles.
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7.2 Processing of Nano-sized powders

Consolidation of nanosized powders into solid compacts was achieved using hot
pressing. However, the powders had low susceptibility to compaction, probably due to
the high level of inter-particle friction characteristic of powders with such a high
surface area. As a result, compared with powders with micron size, much higher
pressures were needed in the hot pressing of nanostructural powders in order to
produce composites of high density. The retention of a nanostructure of these powders

was not possible with the usual hot pressing temperatures. Vigorous recrystallisation o
powders was found to take place at the hot pressing temperatures. Good coating of the
hard WC phase with intermetallic FeAl binder prior to hot pressing could not be
achieved via conventional blending of the powders. Agglomeration of the starting
powders was a major obstacle in achieving uniform distribution of the hard WC phase
in the FeAl matrix on hot pressing. The formation of islands of Fe6oAl40 binder in hot
pressed compacts was a clear result of the poor mixing of the binder and hard phase.
Figure 7.7 shows microstructures of WC-40 vol.% Fe6oAl40 composites, where islands
of Fe6oAl4o binder can be seen clearly. These composites had nanosized precursor
powders, which were blended using ball milling before they were hot pressed at 1500
°C for 3 minutes. Signs of considerable grain growth of WC phase can clearly be
observed in these microstructures.
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Figure 7.7: S E M images of hot pressed WC-40 vol.% FefioALw with
nanometer precursor powders (a) Magneto-milled (b) ring grinder
milled (c) High magnification of material A.
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The sintering treatment of blended W C

and FeAl powders before milling to

nanometer size led to improvements in microstructure. Heating the blended mixture to
o

1420 C for 15 minutes prior to milling appears to have led to partial melting of the
binder and bonding of the two phases. The sintering treatment also led to improved
coating of the hard grains of WC phase with the Fe60Al40 binder material. The
microstructures of these materials have shown no signs of segregation of the binder
and a uniform distribution of the WC particles in the matrix. Figure 7.8 shows a
microstructure of WC-40 vol.% Fe60Al40 composite hot pressed at 1500 °C for 3
minutes using these powders.

7.3 Mechanical Properties of Composites with Nano-sized precursor powders

The WC-FeAl composites with precursor powders in the nanometer grain size
range processed in this work can not be treated as nanostructured materials because of
the considerable coarsening of the powders during hot pressing. The consolidation of
these powders required heating to temperatures above the liquidus line in the Fe-Al
phase diagram (about 1420 C for the Fe-40 at% Al alloy). The high temperatures used
during the hot pressing of these composites were unsuitable for retaining the
nanostructure and eliminating grain growth of these materials. The WC particles in the
hot pressed composites had an average size of about 500 nm. Therefore, the results of

these materials can only be taken as properties of materials with ultra-fine structures
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7.3.1

Hardness

The hardness values of W C - 4 0 vol.% Fe 6 0 Al 4 0 composites with the nanometer
precursor powders were greater than their micron sized counterparts. Table 7.1 shows

hardness results of these materials compared to those of composites with coarser grai
sizes. The trend of the increase in hardness with the decrease in the precursor WC
grain size was found to be valid in the WC size range used in these materials. The
change in hardness values between the materials shown in Table 7.1 can only be
attributed to the decrease in the WC grain size since all the composites have the same

volume percentage of Fe6oAl40 binder and about equal sintered densities. It is therefor
believed that higher hardness values are achievable if these composites can be
consolidated without excessive grain growth.

Table 7.1: Hardness results of W C - 4 0 vol.% Fe6oAl4o composites

COMPOSITE

H A R D N E S S , GPa
500 g Load

20 kg Load

21

21

WC-40 vol.%) Fe60Al40 Precursor W C : 700 n m

20.5

20.5

WC-40 vol.% Fe60Al40 Precursor W C : 2.4 p m

18.6

18.6

WC-40 Vol.% Fe60Al40 Precursor W C : 9 p m

15.7

15.7

WC-40 vol.% Fe60Al40 Precursor W C : < 50 nm
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7.3.2 Fracture Toughness

The fracture toughness of W C - F e A l composites produced from nanometer
precursor powders showed insignificant changes with decreases in grain size of the
starting powders. Since the sintered materials have comparable WC grain sizes and
sintered densities to the materials with micron sized WC grains, and were hot pressed
using the same temperatures, their fracture toughness values were similar. However,
the fracture toughness for a given hardness level was still high (equivalent to the
conventional material of WC-Co). The fracture toughness (KIC) value for WC-40
vol.%) Fe6oAl4o composites with the nanosized precursor WC powder was around 20
MPa.m1/2.
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8.0

Conclusions and Further W o r k

The processing of W C - F e 6 0 A l 4 0 composites was optimised to produce monolithic
compacts with high density and property combinations comparable to those of
conventional WC-Co hardmetals. Studies using pressureless and pressure assisted
liquid phase sintering revealed that densification of the material was dependent on

volume fraction of the hard carbide phase. Pressure was essential in densification o
materials with hardness values in the range of conventional WC-Co hardmetals. The

amount of pressure applied during sintering was related to the carbide particle size
with finer carbide particles requiring higher pressure. A relationship between time
and temperature used during hot pressing and the final material microstructure was
evident. Short sintering times and/or low sintering temperatures were associated
with limited coarsening of the carbide particles. As a result, no grain growth
inhibitors were required to control the growth of the carbide phase.

The use of binary Fe60Al40 alloy as a matrix material resulted in significant gains
in composite hardness. The volume fractions of the hard carbide phase in WCFe60Al40 composites were much lower than in WC-Co hardmetals for the same
hardness levels, indicating a significant contribution from the Fe60Al40 matrix. The

relationship between composite hardness and carbide particle size was similar to tha
of the conventional hardmetals. Hardness increased with decrease in WC particle
size. The relatively high fracture toughness shown by the WC-Fe60Al40 composites is

believed to be related to the thickness of aluminde regions between the WC-particles
Further examination of narrow regions of matrix material between carbide particles
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and examination of the matrix/particle interface by high resolution transmission
electron microscope is required in order to fully understand the material behaviour.

Results of abrasive wear of WC-Fe6oAl40 composites showed hardness and WC
grain size to be major factors in determining the wear rate of the material. It was also

established that composite bulk hardness is an efficient indicator of the flow properties
of the material under abrasive wear conditions. The abrasive wear of WC-Fe6oAl4o
composites was highly dependent on binder extrusion and wear processes were
dominated by the formation of grooves and craters, and included binder extrusion and
microfracturing of WC grains. Further work is needed to definitely establish the
sequence of processes occuring during wear of these materials.

Results of densification experiments performed on nanosized WC and Fe6oAl4o
powders indicated that densification using high temperatures was associated with
vigorous grain growth of the carbide phase, even for short sintering times. Retention of
the fine structure of nanosized powders was dependent on the sintering temperature
used. Other techniques where low temperatures are used could be of advantage in
retaining the fine structures of these powders and should be investigated with these
composites.
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